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Abstract  

The paper describes the microstructure evolution by high-temperature compression of a high Nb-

containing TiAl alloy. The paper extends a previous publication [L. Song, et al. Intermetallics 109 (2019) 

91-96], in which a unique twin-like morphology in the α2 (Ti3Al) phase was reported. However, the 

origin of these structures could not be clarified without doubt. The present study is focused on phase 

transformations that in this multiphase alloy can be associated with deformation. Particular attention is 

paid to local transformations of the α2 phase into O phase or ω-related phases, which, because of 

structural and chemical similarity of these phases with α2, can easily occur and could mistakenly be 

considered as a twin structure. The details of the atomic processes involved are elucidated by electron 

microscopy. Given the large shufflings and the atomic site interchanges required for the operation of 

this twinning system, it is concluded that twinning of the α2 phase is a diffusive-displacive process. 

Within the α2 phase, ωo is heterogeneously nucleated. The nucleation sites are defect-rich areas, which 

are subjected to high local stresses. The study strongly emphasizes the close relationship between high-

temperature deformation and phase transformations in multiphase titanium aluminide alloys.   

Keywords: Titanium Aluminides; phase transformation; deformation twinning; orientation relationship; 

transmission electron microscopy 
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Titanium aluminides based on the intermetallic phases γ (TiAl) and α2 (Ti3Al) have been developed 

over decades for service in high-temperature technologies [1-3]. Nevertheless, widespread applications 

are hindered by insufficient ductility and damage tolerance. It is well accepted that deformation of (γ+α2) 

alloys is mainly provided by the majority γ phase. The α2 phase is less deformable because dislocation 

glide is largely confined to prism planes with 1
3
<12�10> Burgers vectors, which are perpendicular to the 

c axis of the D019 unit cell. Dislocation glide with shear components parallel to the c axis is strongly 

impeded by high Peierls stresses and thus virtually impossible [4]. Thus, plastic deformation of 

monolithic α2 (Ti3Al) is highly anisotropic. It should also be noted that this anisotropy is exacerbated 

still further at moderately high temperatures of 500 - 700 °C, depending on composition [5-6]. This 

behavior of the α2 phase is also a concern for two-phase alloys, when constraint co-deformation of the 

α2 and γ phases occurs. Due to the disparity of the elasto-plastic properties, high constraint stresses 

develop during deformation [7], which, together with the susceptibility to cleavage fracture, are the 

main reason for the poor ductility. The problem can partly be reduced by optimizing the alloy 

constitution and microstructure (for a review see [1]). In particular, the development of multiphase 

alloys involving additional constituents like βo or orthorhombic phases, has significantly improved the 

mechanical performance [8].  

The lack of independent slip systems of the α2 phase could, in principle, be reduced by the activation of 

mechanical twinning as, for example, in the disordered hexagonal counterpart α-Ti. However, in the 

fully ordered state, mechanical twinning appears extremely difficult because large interchange atomic 

shuffles are required in order to maintain the D019 structure [9]. Nevertheless, twin structures have been 

occasionally observed in single-phase α2 alloys [10-13]. The experimental findings are summarized as 

follows. Lipsitt et al. [10] observed stacking faults and micro-twins in Ti3Al after 900 °C tensile 

deformation but did not specify the twinning elements. Lee et al. [11] observed twin structures in 

hyperstoichiometric Ti-34Al after high-temperature compression between 800 and 1100 °C with 

twinning elements that correspond to c-axis compression twins in disordered α-Ti. Kishida et al. [12-

13] recognized mechanical twinning in Ti-36.5Al single crystals after compression above 1000 °C, 

when the compression axis was close to the c-axis of the D019 cell. The twin habit plane was {202�1}, 

and the twinning elements were K1=̓{2�1210����3}̓, K2={202�1}, η1=<5146�����>, η2=<̓1�32�2>̓. The indices of 

K1 and η2, were found to be irrational, i.e., they are only approximate. Hence, the twins were categorized 

as Type-II twins [14]. According to the notation introduced by Kishida et al. [12-13], K1 and η2, were 
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set in apostrophes. No evidence of twinning was reported for stoichiometric α2 alloys [2, 15]. In an 

undeformed Ti-46Al alloy, Wang et al. [16] observed twin structures after high-temperature annealing 

and quenching, and claimed that the twins are a result of double twinning of (2�201)[11�04] and 

(01�11)[011�2] formed in the high temperature α phase. This suggests that excess point defects and 

thermo-elastic stresses could support twinning.  

Little is known about twinning of the α2 phase of (α2+γ) alloys. This is certainly partly due to the usually 

very fine morphology of the α2 phase in these alloys, which makes the detection of twin structures with 

electron microscopic diffraction contrast difficult. Zhang et al. [17] observed twin structures in the α2 

phase after room temperature compression of a Ti-50Al-2Mn-1Nb (at. %) alloy, in which the α2 phase 

was present in the form of widely separated Widmannstätten platelets. The twinning of the α2 platelets 

was caused by twins moving in the surrounding γ matrix and striking the α2 platelets. The twinning of 

the α2 phase, however, was only possible with appropriate orientation of the incoming twin in relation 

to the α2 platelet. In the other cases, the twins were either reflected back into the γ phase, or the twins 

bypassed the α2 platelets. The fact that the twin structure was observed after room temperature 

deformation is difficult to understand, since the required interchange shuffles can hardly be realized at 

this low temperature. Therefore, it remains unclear whether the twin structure observed in this study 

was the by-product of high-temperature phase transformation. 

Taking together, the factors that apparently support mechanical twinning in Ti3Al alloys are: 

(i) hyperstoichiometric (Al-rich) composition; 

(ii) compressive deformation; 

(iii) high deformation temperature (>800 °C) to allow significant diffusion; 

(iv) grain orientation favorable for c-type deformation; 

(v) point defect supersaturation; 

(vi) presence of local stresses. 

In a previous study [18], twin-like structures with the elements {202�1}<1�014> were observed in the α2 

phase of a Ti–45Al–8.5Nb–0.2W–0.2B–0.02Y (at. %) alloy. The major alloy phases are γ (TiAl) and 

α2 (Ti3Al); minor constituents are βo/B2, ωo and orthorhombic phases, for a review see [3]. It is well 

documented that this alloy type is prone to constitutional and structural changes upon thermo-

mechanical treatments. Thus, the evolution of the twin structures in the α2 phase during high-

temperature deformation could be masked by the constraint co-deformation with other phases and 
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various phase transformations. Elucidation of these processes, which are of significant importance with 

respect to the mechanical properties of such alloys, is the major subject of the paper. 

2. Experiments 

The nominal composition of the alloy is Ti–45Al–8.5Nb–0.2W–0.2B–0.02Y (at. %). Cylinders in sizes 

of ∅8 mm×12 mm were compressed to a strain of 30 % in a Gleeble 3500 machine (Dynamic Systems 

Inc., USA) at 800 ℃. Details of the experimental procedures can be found in [18]. After compression, 

the samples were immediately water-quenched to freeze the high temperature microstructure. 

Specimens of the original as-cast ingot and the compression test were prepared for electron microscope 

observations. Plates for transmission electron microscopy (TEM) observation were sectioned parallel 

to the axial direction of the samples. Conventional TEM and high-resolution TEM (HRTEM) 

investigations were conducted on a Cs-corrected FEI Titan 80-300 field emission TEM (FEI company, 

USA) operated at 300 kV. Scanning electron microscopy (SEM) observations were conducted on a 

GEMINI 1530 SEM (Zeiss, Germany) operated at 15 kV and a working distance of 7 mm. The sample 

preparation methods were reported in [18]. The angles between the (0001) planes of neighboring α2 

grains were measured using the deviation of the corresponding diffraction spots in the Fast Fourier 

Transformed (FFT) images utilizing DigitalMicrograph software. The same specimens as for SEM 

observation were used for room temperature high-energy X-ray diffraction (HEXRD) analysis utilizing 

the P07 high-energy materials science beamline operated by Helmholtz-Zentrum Geesthacht at PETRA 

III of Deutsches Elektronen-Synchrotron (DESY) in Hamburg, Germany. The resulting Debye-Scherrer 

diffraction rings were recorded with a PerkinElmer XRD1621 flat panel detector. A beam size of 

0.5×0.5 mm2 and a photon energy of 100 keV corresponding to a wavelength of 0.124 Å were used. 

The beam center and detector to sample distance (1839 mm) were calibrated using a LaB6 standard. 

The detector images were transformed into unrolled diffraction rings and diffraction patterns utilizing 

the FIT2D software.  Atom probe tomography (APT) was conducted at a LEAP 3000X-HR from 

Cameca Instruments Inc., in laser pulsing mode with a base specimen temperature of 70 K. The target 

detection rate was kept at 5 ions for every 1000 pulses. APT data analysis was performed using the 

IVAS 3.8.2 software package. APT specimens were prepared by site-specific in-situ lift-out protocols 

in a dual-beam SEM/focused-ion-beam (FIB) instrument (FEI Helios Nanolab 600i). 

3. Results 

3.1 Constitution and microstructure of the as-cast alloy 
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Figure 1 illustrates the constitution and microstructure of the undeformed alloy. The major constituents 

are γ, α2 and βo(ωo), as confirmed by the diffraction pattern (Figure 1a). It should be noted that in the 

as-cast alloy no ω-related phase was recognized within the lamellar colonies, i.e., the ω phase was only 

observed within the βo phase. The γ and α2 phases are mainly present as lamellar colonies with the 

orientation relationships [19] 

 <1�10]γ//<112�0>α2, {111}γ//(0001)α2       (1) 

The phase occurs in the form of twin-related variants (Figure 1b). The α2 lamellae are usually much 

thinner than 0.5 μm and sometimes are partially decomposed into nano-sized γ laths (Figure 1c), which 

was probably caused by the slow cooling of the ingot. A special feature of the α2 lamellae is their 

modulated morphology, which is characterized by strong contrast fluctuations (Figure 1c). Previous 

studies have shown that these lamellae are not monolithic α2 phase but are α2 phase interspersed with 

thin slabs of orthorhombic structure [8, 20]. The dark-field image shown in Figure 1c was obtained by 

using O phase {131}O reflections [21]. The formation of modulated lamellae is characteristic of Al-lean 

and Nb bearing alloys and reflects the phase instabilities in such alloys. More details are described in 

[8, 20-23]. However, from the HEXRD pattern no clear evidence of the O phase is ascertainable. In the 

HEXRD pattern, the O phase usually displays as a splitting of peaks around 2.90° into (220)O and (040)O, 

which is not observed. This indicates that the amount of O phase in the present case is very low (below 

1 %) and is therefore detectable only with TEM [21].  

3.2 Effects of high-temperature deformation on constitution and microstructure 

Figure 2 illustrates the effects of the high-temperature compression on the constitution and 

microstructure. As shown by the HEXRD pattern (Figure 2a), the constitution was not significantly 

changed by the deformation, in particular no additional O phase was observed. However, the diffraction 

rings of the α2 phase locally deviate from their average position. This is most pronounced for the 

diffraction angles 2.84° and 3.23°, which belong to (202�0)α2 and (202�1)α2 planes, respectively, and 

indicates a significant spread of their interplanar spacings or strain dispersion. The effect is usually 

ascribed to the existence of residual microstrains or microstresses. Microstresses are often classified 

according to the length scale over which they self-equilibrate [24]. Residual stresses of the second order, 

type-II stresses, are considered homogeneous inside one grain, and the interaction forces involved are 

in balance among neighboring grains. In deformed material, second order stresses may remain due to 

the unequal strain partitioning of different grains. Residual stresses of the third order, type-III stresses, 

are homogenous over few interatomic distances, and the involved interaction forces are balanced 
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between several defects. Type-III stresses are often associated with grain fragmentation due to plastic 

deformation. When compared with the α2 phase, the spread of the interplanar spacings of the γ phase is 

considerably smaller, indicating lower microstresses. This finding is consistent with a previous 

diffraction analysis of a locally deformed multiphase titanium aluminide alloy [25]. Accordingly, the 

residual microstresses in the α2 phase were found to be twice as large as those observed in the γ phase. 

The effect was essentially attributed to the constraint elasto-plastic co-deformation of the γ and α2 

phases.  

The deformation of the lamellar colonies is evident at first glance by the bending of their lamellae 

(Figure 2b). The behavior is probably attributable to the morphological deformation anisotropy of the 

lamellar structure [26]. Plastic shear parallel to the lamellae is easy, but difficult when it is forced to 

traverse the lamellar interfaces. In particular, the lamellae tend to bend or buckle, when loaded 

longitudinally. The radius of curvature is typically 30 μm, and the thickness of the α2 lamellae is 0.3 to 

0.5 μm. As a first approximation, it might be assumed that the α2 lamellae were mainly elastically bent. 

Given the quoted data and a Young’s modulus of E = 146 GPa for α2 (Ti3Al) [27], this would require a 

stress of 700 to 1200 MPa, which changes the sign across the α2 lamellae. Relaxation of these stresses 

during unloading is largely impossible because any shape change of the α2 lamellae is severely restricted 

by the plastically deformed γ lamellae. Thus, the bent lamellae represent high fluctuating residual 

stresses that could be observed post-mortem as peak broadening. It should be noted that peak 

broadening can also be caused by fine crystallite sizes, in particular when the microstructure contains 

several phases or when phase transformations take place. 

  

Figure 1. Microstructure of the Ti–45Al–8.5Nb–0.2W–0.2B–0.02Y alloy in the as-cast state. (a) HEXRD 

pattern (unrolled diffraction rings) revealing the major constituents γ (TiAl), α2 (Ti3Al), ωo Ti4Al3Nb/B82. (b) 

SEM overview picture showing the constitution and microstructure. (c) TEM dark-field micrograph of 

modulated lamellae revealing the existence of O phase. Utilizing (13�1)O reflections, the O phase is imaged 

bright. 
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Figure 2. Structural details of the as-cast alloy compressed at 800 °C to strain ε = 30 %. (a) HEXRD pattern; the 

spread of the (202�0)α2 and (202�1)α2 reflections indicates severe residual stresses. (b) SEM micrograph showing 

bent lamellae. (c) TEM micrograph showing twin plates α2T within the α2 phase area of a modulated lamella. 

3.3 Mechanical twinning of the α2 phase 

Figure 2c shows a special feature of the deformation structure within the α2 phase, namely the 

occurrence of platelets, α2T, oriented parallel to one another. Further details on this structure are shown 

in Figure 3. The habit plane of the platelets is parallel to (22�01)α2 and quite rough (Figure 3a). The 

platelets are in a twin relationship with the surrounding α2 matrix, as indicated by the diffraction pattern 

(Figure 3b). The platelets are therefore considered to be a twin variant of the α2 phase. In a previous 

paper [18], the twinning elements were determined as  

K1=(202�1), η1=[1�014], K2=(2023����), η2=[3�034�], and s=0.14       (2)  

The quantity s is the twinning shear. Figure 3a is also an example of the fact that twinning of the α2 

phase is triggered by stress concentrations. In the present case, the stress is generated by a twin that 

moved in the adjacent γ lamella and impinged on the α2 lamella. It is generally expected that a blocked 

twins generates a high stress concentration [14]. Jin and Bieler [28] analyzed the situation for γ (TiAl) 

using dislocation theory and evaluated the experimentally observed distribution of Shockley partial 

dislocations in twin layers. According to these investigations, shear stresses of more than 1 GPa act 

directly at the twin tip in the twin propagation direction. In the present case, the habit plane of the γ 

twin and that of the considered α2 twin are nearly parallel. Therefore, it is likely that atomic 

configurations in the α2 phase are generated which are favorable for twin nucleation. These are, for 

example, wide stacking fault ribbons that coincidentally overlap. Figure 3c is a bright-field TEM image 

of two twins with their habit planes along (22�01)α2 and (22�01�)α2, respectively, indicating that multiple 

twinning on these systems occurs. The two twins seem to originate from the same location of the γ/α2 

interface; however, a real intersection of the twins was not observed. The SAD pattern represents two 
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α2 grains each in twin relation to the α2 matrix with the {22�01}α2 twinning plane (Figure 3d). Due to the 

small thickness of the twin plates, the accompanying spots have low intensity. In the present case, the 

{22�01}α2 plane is common to all α2 variants. The twin boundary can be formally described as a 

rotational grain boundary [14, 29-31]. Thus, the orientation change produced by the twinning 

corresponds to a rotation around [112�0]α2 until the (22�01)α2 and (22�01�)α2 reflections coincide. The basal 

plane of each of the twins then ideally forms an angle of 56 ° with that of the matrix. A more detailed 

characterization of various twin interfaces is shown in the HRTEM micrographs in Figure 4. 

The diversity of the twinning process is particularly evident in HRTEM micrographs (Figure 4). Figure 

4a shows an arrangement of thin parallel twin plates of about 25 nm thickness in an α2 lamella. Due to 

the almost regular sequence of twinned and not twinned areas, the orientation of the α2 phase is 

periodically changed on a very fine scale. Overall, this is indicated by a zig-zag pattern of the (0001)α2 

basal planes. The (supplementary) angles observed between the basal planes of the twins and the matrix 

do not deviate by more than 2 ° from the ideally expected value of 56 °. The crystal lattice of the α2 

phase is perfect neither in the matrix nor in the twin plates. There are numerous stacking faults whose 

habit plane is parallel to (0001)α2. The dense sequence of stacking faults manifests itself in the 

diffraction pattern to the right by streaking the (0001)α2 reflexes. The nature of the stacking faults could 

not be determined in this study. The stacking faults known in the basal plane of the D019 structure are 

the intrinsic stacking fault (SISF), the antiphase boundary (APB) and the complex stacking fault (CSF) 

[32]. The experimental and atomic modelling values of the SISF energies are 45 - 70 mJ /m2; the values 

for the CSF and APB energy are about five times higher. For energetic reasons, therefore, 

predominantly SISF’s should be formed. However, it cannot be ruled out that in the presence of a strong 

chemical disorder, APB’s and CSF’s are also formed. The high density of stacking faults indicates that 

the α2 phase tends to undergo further phase transformations. The small width of the twin lamellae 

indicates further that the growth of the twin nuclei is very difficult, which is understandable given the 

interchange shuffles required for the restoration of the perfect D019 structure in the twin plates. The 

twinning process may also enhance the opportunity for dislocation slip by rotating the crystal structure 

into a more favourable orientation for slip. In particular, the prismatic slip systems, which are the easiest 

to operate in α2 but normally do not allow shearing across the lamellae, get in a favorable orientation 

for this purpose. Overall, this can reduce the plastic anisotropy of the α2 phase described in the 

Introduction.  
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Since there are six {22�01} planes in the D019 structure, the question arises as to whether several of these 

twin systems can be operated simultaneously. Figure 4b shows an approximately 2.5 µm2 area of the α2 

phase, which is twinned on two oblique {202�1}<1�014> systems. The FFTs shown on the right belong 

to the framed areas (i) and (ii), respectively, and were indexed analogously to Figure 3b. The orientation 

of the basal planes of both twins relative to that of the matrix differs only slightly from the ideal value 

of 56 °, which again shows that the evaluation is consistent. The observation indicates that a confined 

area of α2 phase can undergo multiple twinning. Since there are six {202�1} planes in the α2 phase, 

twinning shear is available over a relatively wide orientation range. Therefore, stress concentrations 

acting in the α2 phase parallel or slightly inclined to the c-axis can be very effectively blunted by the 

compression twins described herein.  

Of particular interest are also the constraint phenomena that develop between the twinned α2 phase and 

the surrounding γ phase. In this context, Figure 4c shows a twinned α2 lamella surrounded by γ phase. 

The interfaces between the matrices of α2 and γ fulfill the well-known Blackburn orientation 

relationship (Eq. 1) [19], as indicated by the FFT of the framed interface area (i). There is a high density 

of interfacial defects combining steps and dislocations, commonly referred to as disconnections. It is 

well known that such defects are incorporated into the semicoherent γ/α2 interfaces in order to 

compensate the lattice mismatch of about 2 % between the two phases [33]. The dislocation components 

are in the γ phase with a small distance to the interface, indicating that the dislocation generation in the 

plastically softer γ phase is easier. Unfortunately, the Burgers vector of the dislocations could not be 

determined. However, the Burgers vector undoubtedly has a component that is oriented perpendicular 

to the interface, as can be seen from the additionally inserted (111)γ plane. During deformation, the 

disconnections may propagate along the interface, thereby accomplishing phase transformation. The 

dislocation components then have to move non-conservatively, that is to move by climb. The interface 

between the α2 twin and γ phases is more complex. The closed-packed (0001) plane of the α2 twin is no 

longer parallel to a closed-packed {111}γ plane, i.e., the α2 twin cannot form a low-energy interface 

with the γ phase. Instead, a terraced interface is formed between the α2 twin and the γ phase, which 

roughly accommodates the orientation change caused by the twinning process. The facets are parallel 

to the {11�00}α2 prism plane. It is generally believed that the incorporation of facets improves atomic 

matching, thus preventing the disregistry from becoming large everywhere [33]. This reduces the energy 

of the interface and improves its thermal stability. It should be noted, however, that the local stress state 
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is altered by the presence of facets. For example, a pure normal loading of an initially flat interface is 

converted to a combination of normal/shear loading on the facets. In addition, stress concentrations 

occur at the tips of the facet apices, which can promote further local deformation. That could be the 

reason, why the γ phase that is in contact with the α2 twin, was also twinned. As a result, the interface 

is strongly faceted and includes an average angle of about 10 ° with the (020)γ plane. The approximately 

longitudinal terraces form an angle of 24.7 ° with the (020)γ plane. This corresponds to the low indexed 

(1�31�)γ plane, which is probably characterized by a relatively low interfacial energy. The terraces, which 

are approximately transverse to the interface, enclose an angle of 113.4 ° with the (020)γ plane. The 

corresponding plane would be (1�  1.67������ 1� )γ. So the plane is not a low indexed plane and therefore 

probably has a relatively high interfacial energy. Because of these differences, the longitudinal and 

transverse terraces have different lengths. 

 

Figure 3. Structural details of the twin plates observed within the α2 phase after 800 °C compression. Specimen 

orientation in all cases near [112�0]α2. (a) Multi-beam image down [112�0]α2 showing twin plates within an α2 

lamella. Indicated are the lamellar interfaces (LI), the trace of the (22�01) twin habit plane, and the numerous 

stacking faults (SF) within the twin plates. Note the roughness of the twin habit plane and the twin γT 

propagating in the adjacent γ lamella and impinging onto the α2 lamella (arrowed). (b) SAD pattern of the area 

imaged in (a), showing twinning symmetry. (c) Two twinning systems with the mutually inclined habit planes 

(22�01)α2 and (22�01�)α2, respectively. The magnified image of the twin variants is shown in the insert. (d) SAD 
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pattern of the area circled in (c). The basal planes of the two twins each enclose an angle of 56 ° with the basal 

plane of the α2 matrix. 

Figure 5 shows an O phase platelet in a former α2 lamella and the associated diffraction pattern in the 

sample after compression, which was obtained by tilting the area shown in Figure 3a along (0001)α2 

into the zone axis [101�0]α2. The bright field image was taken along the [310]O direction (corresponding 

to [101�0]α2), because the reflexes in the <112�0>α2 direction (corresponding to [110]O) overlap. It should 

be emphasized that neither γ nor ωo phase was found in this α2 lath. 

 

Figure 4. Atomistic details of α2 twinning, observed after compression at 800 °C to strain ε = 30 %. (a) Fine 

structure of parallel twin lamellae observed by HRTEM. The α2 matrix plates are indexed green and the twin 

plates yellow. One of the twin/matrix interfaces is indicated by a green/yellow dashed line. Note the numerous 

stacking faults with their habit plane parallel to the (0001)α2 (marked by arrow heads), occurring in both the 
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twin and the matrix. On the right are the associated FFT and the higher-magnified twin/matrix interface α2Τ/α2. 

(b) Local double-twinning on two {202�1}<1�014> systems designated yellow by T1 and T2; the α2 matrix is 

marked in green.  The FFTs shown on the right belong to the framed areas i and ii, respectively. (c) Twinned α2 

phase embedded in twinned γ phase. The matrix phases are marked in green, the twinned phases in yellow. The 

FFT shown on the right belongs to the framed area and indicates the Blackburn orientation relationship between 

α2 and γ. The misfit between the α2 and γ matrices is accommodated by disconnections, indicated in the upper 

interface by dislocation symbols. Note the terraced interface between the twins α2T and γT. 

 

Figure 5. Precipitation of O phase in an α2 lath observed after compression at 800 °C. The bright-field image 

was taken along the [310]O//[101�0]α2 directions. The inserted SAD pattern of the circled area shows weak 

{131}O reflections. 

3.4 Deformation induced precipitation of the ωo phase 

In the samples deformed at 800 °C, nano-sized ωo particles were observed at various internal boundaries 

(Figure 6). The TEM overview micrograph (Figure 6a) shows, for example, ωo precipitates in an α2 

lamella arranged along its two interphase boundaries. It is known that the ω phase in disordered β-Ti 

alloys can be generated by quenching [34]. Nevertheless, the observed precipitation of ωo from α2 is 

surprising, since it is expected that the kinetics will be slowed by the D019 order. If anything, the process 

should be very sluggish. The total time of the deformation experiment, including heating and quenching, 

was only 10 minutes, therefore the sample had been heated to 800 °C for only a few minutes. Given the 

previous reasons, it is therefore unlikely that precipitation was initiated solely by the thermal treatment 

of the sample. Also, the βo → ωo transformation observed in other alloys can be ruled out since no βo 

phase was found in the lamellar colonies of the as-cast material. It is therefore more likely to assume 

that the atomic shear processes imposed by the deformation were decisive for the occurrence of the 

precipitation reaction. This view is supported by the observation that ωo precipitation was often found 
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to occur on α2 twinning shear planes. Early stages of this process are demonstrated in Figure 6b. The 

high-resolution micrograph shows the α2 matrix and two of its twin variants α2T1 and α2T2. The angles 

of 55.7° and 58 ° measured between the basal planes of α2/α2T1 and α2/α2T2 are again close to the ideal 

value of 56°. The three ωo particles seen in the micrograph were nucleated at the α2/α2T2 interface, and 

each show the orientation relationship [35-36] 

(112�0)ωo//(0001)α2; [0001]ωo//[112�0]α2.      (3) 

The particles ωo1 and ωo2 have grown into the twin α2T2, which is confirmed by the fact that (112�0)ωo2 

in these two cases is parallel to (0001)α2T2. Similarly, ωo3 has grown at the expense of the α2 matrix. The 

closely adjacent precipitation processes certainly leave high elastic stresses, even if the mismatch 

between the constituents is relatively small. This might explain why the particles ωo1 and ωo3 are twisted 

against each other by 2 ° about the [0001]ωo axis (see FFTs III and IV). Under these conditions, the 

interface structures could not be resolved. Thus, no statements about the accommodation of the lattice 

mismatch between ωo and α2 can be made. Due to the small particle size, however, it is also possible 

that a significant portion of the mismatch was elastically taken up. In the interphase boundary ωo1/γ, 

however, numerous misfit dislocations could be detected, which is consistent with the observations 

made in [37]. 

Figure 6c demonstrates further examples of the stress-induced nucleation of ωo phase. The upper part 

of the picture shows the twin  α2T ending in the α2 matrix (see also FFT I). Ahead the twin tip, an 

approximately 8 nm-sized ωo particle was precipitated (FFT II). Since the (112�0)ωo plane of the particle 

is parallel to the basal plane of α2T, it is reasonable to assume that the ωo particle was nucleated at the 

end of α2T and grew into the matrix α2. The α2 phase immediately to the left of the central ωo grain II 

exhibits a domain structure, the formation of which seems to precede the α2→ωo transformation. Such 

a mechanism often occurs in the course of structural phase transformations, when the symmetry of the 

product and parent phases is different. The formation of the polydomain structure decreases the elastic 

energy of the constrained system. Thus, the phenomenon is expected to be thermodynamically driven. 

The lower micrograph of Figure 6c probably shows a very early stage of the α2→ωo transformation. 

The α2 variants seen in the picture are severely faulted. In addition, high elastic stresses are present in 

the whole structure, which are recognizable by the strong strain contrast. These conditions probably 

triggered the α2→ωo transformation, which has already progressed so far in the small region III that the 
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ωo structure can be detected in the associated FFT III. FFT III is compatible with the diffraction pattern 

along the [0001]ωo zone axis.  

 

Figure 6. Precipitation of ωo phase within the lamellar structure observed after compression at 800 °C. (a) TEM 

bright-field image showing the distribution of ωo particles along the two α2/γ interphase boundaries of an α2 

lamella. (b) Early stages of ωo precipitation within twinned α2 phase. From the α2 phase, the matrix (indicated in 

green) and two of its twin variants α2T1 and α2T2 (in yellow) are shown. The FFTs belonging to the areas marked 

in the micrograph are shown on the right. The three particles ωo1, ωo2 and ωo3 were nucleated at the α2/α2T2 

interface. From their orientation to the neighboring α2 phase, it follows that ωo1 and ωo2 have grown into α2T2, 

whereas ωo3 has grown into the α2 matrix; see accompanying text. (c) The upper part of the figure shows a twin 

α2T (designated yellow) ending in the α2 matrix (designated green), see FFT I. Ahead the twin an ωo particle was 

precipitated (FFT II). Note the domain boundaries (marked by red arrow heads) in the α2 phase to the left of the 
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ωo particle II. The lower part of Figure 6c shows an α2 grain being about to transform into ωo phase. The FFT of 

region III indicates the orientation [0001]ωo.  

Figure 7 demonstrates how the phase transformations described here are related to the local chemical 

composition. The following analysis refers to the right part of the α2 lamella shown in Figure 6a where 

several ωo particles were precipitated. Figure 7a shows the concentration profiles of Ti, Al, and Nb 

taken through the particles by HAADF-STEM. The mean concentrations of these elements correspond 

to the existence regions of the ωo and α2 phases, with the concentration profiles gradually merging at 

the interphase boundary. Accordingly, the ωo phase is rich in Al and Nb but low in Ti. In the α2 phase, 

the concentrations are just the opposite. The Al content of the α2 phase is 6-7 at. % higher than in the 

stoichiometric composition. Obviously, the diffusion processes occurring during the moderate 

temperature-time regime have been sufficient to allow the composition change accompanying the 

α2→ωo phase transformation. Figure 7b is a three-dimensional representation of the element distribution 

in deformed lamellae recorded using atom probe tomography (APT). Immediately striking is the 

enrichment of Ti and Nb at the heterophase interface between α2 and γ. There are Nb-rich clusters with 

a length of several 10 nm and a near interfacial excess of about 5 at. %. Since the size of the Nb-rich 

clusters agrees quite well with size of the ωo precipitations identified in Figure 7a, and because the 

clusters in Figure 7b are seen to be formed in front of incident γ twins, it is reasonable to speculate that 

the ωo phase is nucleated in these clusters. One is also left with the impression that the excess Nb 

produces a solute drag, which reduces the interface mobility and could slow down the dissolution of α2 

phase. Whether or not this is an important effect is still to be determined. It is also interesting to note 

that Ti has even partitioned to the mechanical twin interfaces in the γ phase.  

 

Figure 7. Composition change accompanying the α2→ωo phase transformation observed after compression at 

800 °C. (a) An α2 lamella containing several ωo precipitates. The yellow arrow marks the scan line along which 

the concentration profiles shown in the right image were taken using HAADF-STEM. (b) Atom probe 
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tomogram showing the element distribution in deformed lamellae. Note the Nb enrichment at the α2/γ interface 

and Ti enrichment at the twin boundaries within the γ lamella. 

4. Discussion 

In the literature, mechanical twinning of the ordered intermetallic α2 (Ti3Al) phase has been reported 

several times. The investigations were mainly carried out on polycrystalline single phase α2 alloys or α2 

single crystals and were presented in detail in the Introduction. Although the emphasis in this earlier 

work was on the kinematics of twinning, it has virtually been agreed that large interchange shuffles 

were required to maintain the ordered D019 structure. Such atomic exchanges are hardly feasible under 

usual deformation conditions. The problem is therefore still not solved satisfactorily. In the present 

study, mechanical twinning was detected in the α2 phase of a multiphase titanium aluminide alloy, 

whereby the same twining elements (Eq. (2)) were identified as in single phase α2 alloys. However, the 

particular point defect situation in multiphase alloys allows for new approaches to explain the shuffling 

problem. In contrast to the previous studies, it has also been observed that α2 twinning in multiphase 

alloys is accompanied by extensive α2 → ωo phase transformations. These two issues will be revisited 

in the following discussion. 

4.1 Twin nucleation and growth in the α2 phase  

There is good consensus that a large part of the work to form a twin goes into creating its boundaries. 

Unfortunately, no data is available about the formation energy for shear faults on the (202�1)α2 twinning 

plane. However, the twinning elements observed in the α2 phase bear several similarities to those in 

disordered hexagonal α-Ti. In fact, the {202�1}α2 twinning plane observed in the α2 phase interface is 

quite similar to the {101� 1} twinning plane reported for one of the compression twins in α-Ti. 

Comparison with the results obtained on α-Ti could therefore be useful. In their modeling study, Serra 

et al. [38] have shown that the {101�1} twinning plane has the lowest energy in α-Ti because no 

vacancies are involved. According to Li et al. [39] and Christian et al. [14], the elementary twinning 

dislocation in the disordered alloy has the Burgers vector:  

b = 4𝛾𝛾
2−9

4𝛾𝛾2+3
<1012����>,  

where γ is the c/a ratio. In the α2 phase, the elementary twinning dislocation would be 5
43

<1014����>, which 

is also very close to the dislocation portion 5
41

<1012����> involved in the disconnections proposed by Serra 

et al. [38] for the twin/matrix interface of hexagonal metals. The 5
41

<1012����> dislocation represents a 
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very small shear, which is a good precondition for twinning, and could in the α2 phase be produced by 

a complex dissociation of a <2c+a> <1126����> dislocation [40]. The step character of the disconnection 

is represented by four-layer step in the interface [38]. The twin/matrix interfaces shown in Figures. 3 

and 4 actually confirm their stepped character. However, the step height and the Burgers vector of the 

associated dislocation could not be resolved. Based on the comparison with α-Ti, it could be expected 

that the nucleation of twins in the α2 phase is not particularly difficult. According to the results shown 

here, the twins are generated at interfacial defects, supported by stress concentrations. Twin nucleation 

in α2 is therefore a heterogeneous process.  

However, for twin broadening, the interchange shuffles necessary for restoring the ordered D019 

structure must be considered. Undoubtedly, sufficient diffusion is required for the realization of 

interchange shuffles, and the observed α2 → ωo transformation shows that this indeed must have 

occurred. Given the relatively low deformation temperature of 800 °C and the diffusion coefficients 

available for Ti3Al [41], this hardly can be explained by a conventional vacancy mechanism. A 

mechanism that could provide the required transport rate and that is consistent with the major 

observations made in this study is diffusion via anti-structural bridges. The operation of such a 

diffusion mechanism in titanium aluminide alloys was originally proposed by Mishin et al. [41] and is 

based on the migration of anti-site defects associated with vacancies. In the present alloy, the off-

stoichiometric deviation of the α2 phase is accommodated by AlTi antisite atoms, i.e., by Al atoms 

situated on Ti sites. Diffusion in Ti3Al can be accomplished by the so-called ASB-2 mechanism with a 

migration energy of Em = 0.761eV [41], which is significantly lower than the migration energy required 

for conventional sublattice diffusion. According to the composition of the α2 phase (Figure 7a), the 

concentration of the AlTi anti-site atoms is in the order of 10-2 and thus significantly higher than the 

equilibrium vacancy concentration of 10-5 to 10-6 at 1500 K. Thus, the anti-site defects could form a 

percolating substructure along which enhanced diffusion may occur. Diffusion is certainly also 

supported by the various interfaces present in the material and the dislocation substructure formed 

during deformation. It is expected that these defects provide channels for easy diffusion and facilitate 

site exchange of the Al and Ti atoms necessary for twinning of the α2 phase. Nevertheless, the diffusion 

kinetics is relatively sluggish and certainly limits twin propagation and growth. This explains why the 

width of twins is always very narrow and some twins even terminate inside the α2 matrix. Thus, twinning 

of the α2 phase is not a simple shear process but accomplished by a combination of shuffling and 

diffusion assisted atomic site exchanges. Due to the structural similarity of the α2 phase with O and ω-
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related phases, it is not surprising that transformations among these constituents were simultaneously 

observed. Therefore, twinning of the α2 phase seems to proceed by its unique mechanism, meaning that 

atomic shuffling and short-range diffusion occur simultaneously, analogous to the recently reported 

diffusive-displacive phase transformation mechanism [42]. To clarify this more detailed TEM 

examination and computer simulation is needed. The mechanism proposed here corresponds to the early 

hypothesis of Lee et al. [11], according to which twinning in α2 can be related to a decrease in long-

range order parameter. 

4.2 Effects of the orthorhombic O phase 

The constitution of high Nb containing TiAl alloy usually involves the O phase especially inside the α2 

phase, and so, too, in the alloy investigated here (see Section 3.1) [21-23]. The presence of O phase 

may affect the α2 twin morphology. Bendersky et al. [43-44] reported that different pathways could lead 

to different O phase variants, which are joined by almost stress-free low energy interfaces. The internal 

stresses associated with the α2→O transformation could be further reduced by the formation of a 

polydomain structure, as already discussed in Section 3.1. The orientation relationships between the 

phases O, α2 and ωo are [43-46]:  

(001)O//(0001)α2//(011)βo, [100]O//[1�21�0]α2//[100]βo      (4) 

Recently, Ren et al. [22] proposed 

(001)O//(0001)α2 and [11�0]O//[112�0]α2         (5) 

in order to realize matching of the most densely packed planes and directions. The formation of {221} 

twinning of the O phase can be mistakenly considered with respect to the twinning morphology 

observed here. The superimposed stereographic projections of the α2 and O phases shown in Figure 8a 

illustrates this aspect. If (001)O is parallel to (0001)α2 (black circle), then {221}O and {22�01}α2 are nearly 

parallel, i.e., only a 0.8 ° deviation exists between these two plane types, and the related diffraction 

patterns are practically indistinguishable. If {221} twinning of O phase existed, then the reflections 

(22�1)O and (221����)O should overlap, and the {001}O planes of the twin related O phase variants should 

include an angle of 57.6°. However, as shown in Figure 3b, the experimental observation is 56°, an 

inconsistency, which contradicts the occurrence of twin related O phase grains. This finding is 

consistent with a previous observation of Kazantseva et al. [46], who showed that the possible interfaces 

between “polytwins” of O phase variants precipitating from an α2 phase could only be {110}O ({112�0}α2) 

or {130}O ({11�00}α2) but not {221}O. Thus, if twin related O phase variants had been formed in the α2 
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phase, then a completely different modulated structure would have arisen [22, 47], which differs 

fundamentally from the structure shown in Figure 3.  

However, there is another possibility. If, in the very unlikely case, there was much βo phase within the 

α2 phase, then the O phase could be precipitated not from α2, but from the βo, according to 

{001}O//{101�}βo, <110>O//<111>βo                                 (6)    

As stated by Bendersky et al. [43], the symmetry of the βo phase could result in different “polytwin” 

interfaces. However, this will cause a 60 ° angle between the (001)O planes of neighboring O phase 

variants (each is parallel with one of {101�}βo) rather than 56 ° (Figure 8b); thus, a 2.4 ° angle will form 

between the (221����)OV1 and (2�21)OV2 planes of the neighboring variants, which means that the “twin” 

interface is not exactly coincident with these planes. In fact, as pointed out by Kazantseva et al. [45], 

the O phase cannot directly twin by shear, but it twins via the intermediate orthorhombic phase B19. It 

must be admitted that his mechanism cannot be completely ruled-out and represents an alternative 

explanation of the observed twin structures. The situation is elucidated in Figure 8c. If O phase twinning 

((22�1)O//(2�21�)O twin 1, (221����)O//(2�21)O twin 2) happens, the angle between the two twinning interfaces of 

the two branches of twins would be 57.6 ° ((22�1)O vs. (221����)O), and so do the angles between {001} 

planes of neighboring twinning grains in each branch. However, the twinning variants observed in 

Figure 2c and Figure 3b provide a contradictory example. In addition, it is very unlikely that the βo 

phase is formed to a greater extent within the α2 phase. It should be noted that such a morphology can 

only be formed when the O phase grain is large enough to generate two twin variants. This is clearly 

not the case in the present situation, as judged from Figures. 4b-c. Besides, it has been reported that the 

O phase is not stable above 700 ℃ [21-23]. Taken together, these arguments virtually rule-out that the 

observed twin structures are due to twinning of the O phase. The scenario developed here for the 

twinning of the α2 phase is again shown stereographically in Figure 8d. The (22�01�)α2 plane acts as the 

twinning plane, causing a 56 ° angle between the basal planes (0001)α2. Another branch of twins (not 

shown in the image) would also have (22�01)α2 as twin interface (as pointed by the black arrow), which 

is also tilted by 56 ° to the first branch. This scenario fits well with the morphology observed in Figure 

4b. 
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Figure 8. Superimposed stereographic projections of different phases: (a) α2 and O phase, an 0.8 ° deviation 

occurs between (22�01)α2 and (22�1)O, which is difficult to distinguish in the SAD pattern. The interfaces between 

O phase variants could only be {110}O or {130}O, not {221}O, when precipitating from the α2 phase. (b) O phase 

variants arising from the βo phase according to Eq. (5), causing a 60 ° angle between the (001)O planes of 

neighboring grains. (c) {221} O phase deformation twinning, the angle between the two twin interfaces of the 

two branches of twins is 57.6 ° rather than 56 ° as in (d); (d) Twinning situation of the α2 phase, the twin 

relationship can be considered as a rotational grain boundary to overlap (22�01�)α2 with (2�201)α2T. The related 

(0001)α2 planes include a 56 ° angle, as experimentally observed. 

4.3 Nucleation of ωo phase in a twinned α2 phase microstructure 

The ωo phase is an equilibrium phase in high Nb containing TiAl alloys occurring at intermediate 

temperatures. However, its nucleation within the α2 phase is unknown. For α-Ti, a diffusionless 

martensitic α → ω transformation was reported in [48-49]. However, the ordered α2 phase cannot be 

transformed into ωo in this way [43]. In this context, the present study has shown that the ωo phase is 

nucleated heterogeneously at various internal boundaries. It is generally believed that such defects can 

locally produce atomic configurations that approximate the crystal structure of the reaction product. 
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Since the ωo nucleation was frequently observed at interfaces of α2 twins, this process will be examined 

in more detail. Figure 9 illustrates the atomic structure of the twinning plane. The area within the green 

frame “A” has an atomic arrangement that is very similar to that of the (0001)ωo basal plane. The only 

difference is that the Ti atom marked by the white arrowhead is, in the case of the twin plane, one atomic 

layer above the image plane, but in the case of the ωo phase, one atomic layer below the image plane. 

A tiny shuffling of the atoms is necessary to adjust the structure to the perfect hexagonal form. Thus, a 

column of ωo cells is formed along the [12�10]α2 direction. As these structures are frequently present at 

twin interfaces, there is a high density of sites that are appropriate for ωo phase nucleation. According 

to the equilibrium composition of the ωo phase, some amount of Nb is required in the interface. In the 

α2 phase, Nb is randomly distributed on Ti sites, whereas a Nb superstructure is formed in the ωo phase 

[50]. Thus, an ordering process is required for the structural transition. This should not be difficult 

because only short range diffusion over a few atomic distances is required. The diffusion can occur 

again via anti-structural bridges. In addition, there are many easy diffusion paths along the numerous 

planar defects. It seems the ωo phase is preferentially nucleated at the twin interfaces where the angle 

formed by the {0001}α2 planes is close to 60°. In this way, an ωo grain could fulfill the (112�0)ωo//(0001)α2 

orientation relationship with both sides of α2 twins with a coherent lattice strain (Figure 6b). Moreover, 

the ledges at the interface can also serve as heterogeneous nucleation sites. Immediately after nucleation, 

the growth occurs with a preferential orientation towards one variant of α2 orientation, as shown in 

Figures. 6b-c. Finally, the former coherent interface is replaced by an ωo/α2 interface. However, this 

mechanism cannot explain the ωo nucleation inside the α2 phase, as shown in the red frame in Figure 9. 

Not only large atomic shuffling is required to restore the hexagonal symmetry, but also four atomic site 

changes are necessary in order to create the correct atomic occupation of the ωo basal plane. This may 

be the reason why no isolated ωo grains are observed inside the α2 matrix. In a word, the atomic 

structures formed by the neighboring planes at the twin interface facilitate the ωo nucleation due to the 

structural similarity.  
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Figure 9. Schematic drawing of the α2 phase twin interface: the atomic structure in frame A is similar to that of 

the (0001)ωo plane. In order to create the correct ωo basal plane, a Ti atom on a neighboring atom layer should be 

replaced in A and an anti-site atom of Al/Ti is needed, as indicated by the white arrow heads and the left view 

image. (The atoms are shown in different colors according to the element type; the atoms in yellow indicate the 

lower atomic layer in the same viewing direction.) 

5. Summary 

The present study describes the evolution of twin structures in the α2 phase and associated α2→ωo 

transformations. The combined operation of these processes leads to a novel microstructure, which has 

been crystallographically characterized. The main conclusions are summarized as follows: 

1. The twin-like morphology in the α2 phase can be attributed to {202�1}<1�014> twinning of the α2 

phase, which formally corresponds to the {101�1}<1�012> deformation twinning mode in disordered 

hexagonal structures. At first glance, formation of O phase variants could provide an alternative 

explanation for the observed structure, which however could be ruled out by crystallographic arguments. 

2. The interchange shuffling necessary for restoring the ordered D019-α2 structure is facilitated by 

sufficient diffusion during deformation as well as the AlTi anti-site atoms derived from the off-

stoichiometric composition. Deformation twinning of the α2 phase seems to proceed by its unique 

mechanism, analogous to the recently reported diffusive-displacive phase transformation mechanism. 

3. The twin interfaces of α2 can serve as preferential sites for ωo phase nucleation because the atomic 

structure of the twin interface is crystallographically closely related to the atomic arrangement of the 

ωo phase. Short-term deformation redistributes the composition within the α2 laths, which initiates 

subsequent α2→ωo transformation.    
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