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ABSTRACT
The relative activity of deformation systems during work hardening and thermal
recovery has been investigated in fully lamellar TiAl. This has been done by a
combination of a series of deformation/static recovery experiments and numerical
simulations based on a defect density-based crystal plasticity model. Firstly, active
deformation systems in differently oriented polysynthetically twinned crystals/single
lamellar colonies have been studied. Subsequently, numerical experiments on a polycolony microstructure have been used to investigate the inhomogeneous microplasticity (i.e. the typical microyield) in fully lamellar TiAl. From this, it has been
possible to analyse how changes in the lamella thickness, domain size and colony
size influence the onset of macroscopic yield. Based on static recovery experiments
with differently oriented polysynthetically twinned crystals, numerical studies have
revealed trends in the recovery of work hardening in both polysynthetically twinned
crystals and polycolony microstructures.
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1. Introduction
Work hardening plays a significant role in basically all technical applications and
processes. While the defect structure that evolves during cold working can have benefits
as it is, e.g., exploited by surface treatments like shot peening [1], the associated
strengthening generally has a negative influence on processes that involve forming as
it increases the forming forces. In both cases, the recovery behaviour of the defect
structures is of particular interest. In applications that benefit from an evolving defect
structure, one obviously does not want to loose its positive influence (e.g. the surface
hardening) due to heat input during processing or in service. In processes that are
negatively influenced by work hardening it is, however, possible to reduce the defect
density and consequently the forming forces by systematic heat treatments. With their
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increasing use in high temperature lightweight applications [2], investigation of work
hardening and recovery in γ-based fully lamellar titanium aluminides (TiAl) thus
becomes of practical relevance.

Figure 1. Scanning electron microscopy (SEM) image of fully lamellar microstructure of a Ti-42Al-8.5Nb
alloy (picture courtesy of M.W. Rackel, Helmholtz-Zentrum Geesthacht, Germany).

Fully lamellar TiAl alloys mainly consist of the tetragonal γ phase but also contain a minor volume fraction of the hexagonal α2 phase. Their characteristic lamellar
microstructure (see Figure 1) results from the strict orientation relation between the
lattices of both phases (i.e. {111}γ k (0001)α2 [3]) and is characterised by the coexistence of different microstructural interfaces that either separate neighboring lamellae
(γ/γ or γ/α2 lamella boundaries), different γ orientation variants along a single lamella
(domain boundaries) or regions of different lamella orientation (colony boundaries).
These different microstructural interfaces all act as strong barriers for dislocation
motion and twin propagation, thus strongly constraining the plastic deformation in
terms of Hall-Petch strengthening [3]. Since lamella thickness λL  domain size λD 
colony size λC , the free path lengths of deformation systems significantly vary with
their orientation in the lamellae, introducing a pronounced plastic anisotropy of the
single lamellar colonies that superposes the inherent plastic anisotropy of the single
phases. The influence of this dense arrangement of microstructural interfaces on the
mechanical properties of fully lamellar TiAl alloys was extensively investigated in the
past (cf. [3]). In contrast, only few studies aimed to investigate the micromechanisms
that contribute to work hardening and recovery in fully lamellar TiAl alloys (see Appel
et al. [4] and Paul & Appel [5]).
The lack of experimental data on work hardening in fully lamellar TiAl can be
largely explained by its limited tensile ductility at room temperature [4]. Nevertheless,
the work hardening of fully lamellar TiAl can be investigated by compression tests
which reveal a behaviour that we refer to as micro yield in the following. As a result of
the strong plastic anisotropy of the lamellar colonies some are in a weaker orientation
than others (hereafter called soft colonies). This results in a strong localisation of
plasticity, i.e. soft colonies experience considerable plastic strain (and thus pronounced
work hardening) prior to macroscopic yield. This characteristic micro yield behaviour
has been observed in digital image correlation (DIC) analysis [6–8] and manifests
during the transient onset of yield in macroscopic stress-strain curves (see e.g. [6, 9–
11]). Furthermore, the micro yield behaviour is thought to promote pre-yield cracking
(see e.g. [7, 9, 12]).
Since the lamella thickness is usually about two orders of magnitude smaller than the
colony size, it is, however, extremely challenging to associate the hardening interactions
of individual deformation systems within a lamella, i.e., on the micro scale, to the
simultaneous plastic deformation of numerous interacting colonies, i.e. the macro scale.
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Thus, the micromechanisms that accomplish plastic deformation in single lamellar
colonies were frequently investigated by tests with polysynthetically twinned crystals
[13–17]. Since polysynthetically twinned crystals only contain lamellae of one specific
alignment, they allow to characterise the anisotropic micromechanics of an isolated
colony by adjusting the angle between the loading direction and the lamella plane. Recently, similar investigations were performed by micropillar compression in differently
oriented single colonies of an actual fully lamellar microstructure [18–20]. While these
experimental studies revealed which deformation systems are active during plastic deformation of differently oriented polysynthetically twinned crystals/single colonies, an
experimental assessment of their relative activity and contribution to work hardening is still lacking. Since most of the experimental techniques applied do not allow
in situ investigation of the evolution of defect structures with deformation, changes
between predominant deformation mechanisms which may result from work hardening
interactions are not easily captured. Thus, the available experimental studies yield a
somewhat fragmented picture of the evolution of plasticity in fully lamellar TiAl.
It has been successfully shown by several groups in the past that crystal plasticity
modeling is a powerful tool to not only describe but also better understand certain
aspects of the complex micromechanics of fully lamellar TiAl [21–33] (see [34] and
[35] for reviews of the reported crystal plasticity models for TiAl alloys). Since a welldesigned crystal plasticity model allows to determine the relative activity of slip and
twinning systems for any stage of plastic deformation, it can aid in understanding the
evolution of micro plasticity and enables to relate changes between dominant deformation systems to specific work hardening interactions. Furthermore, crystal plasticity
models allow to bridge the different length scales that are present in fully lamellar
microstructures by providing a macroscopic stress-strain response while additionally
providing information on meso scale deformation (i.e. on micro yield) and the activity
of individual deformation systems within the lamellae.
A respective crystal plasticity model has to incorporate constitutive relations for
the main sources of work hardening in TiAl alloys. Besides interactions between dislocations on both coplanar and non-coplanar slip systems, the evolving twins in the γ
phase are an important source of work hardening in TiAl alloys as the corresponding
twin/matrix interfaces are strong barriers for dislocations and twins on non-coplanar
slip/twinning systems [3, 4]. The latter mechanism is of particular importance in lamellar microstructures as twins that evolve on twinning planes which are inclined with
respect to the lamella boundaries strongly reduce the free path length of the initially
weakest slip and twinning systems, i.e., the ones that act on shear planes which are
coplanar to the lamella interfaces.
However, most of the reported crystal plasticity models of fully lamellar TiAl investigated the influence of the different microstructural interfaces and the relative
strength of deformation systems on the onset of plastic deformation and were thus
applied for small plastic strains only. While some of the reported numerical studies
showed that the applied work hardening relations were generally suitable to reproduce
the stress-strain response of differently oriented polysynthetically twinned crystals [36],
polycolony microstructures [21, 29] and nanoindentation tests [34] for higher plastic
strains, a detailed discussion of the active deformation systems and work hardening
interactions was, apparently, not in the focus of these contributions. The work hardening relations that have been applied in the respective numerical studies are formulated
in terms of the accumulated plastic shear on the respective slip and twinning systems
as it is common for classical crystal plasticity models [37]. As the accumulated plastic shear can – per definition – only increase, these hardening laws are, however, not
3

suitable to describe the strength reduction that results from recovery processes.
1.1. Defect density-based crystal plasticity modelling
In our previous work [38], we set up a thermomechanically coupled, defect densitybased crystal plasticity model which describes the work hardening and recovery behaviour in terms of an additional set of internal variables – namely the dislocation
densities and twinned volume fractions. In the following, we reiterate the parts of
the model that are crucial in the context of the present paper. However, for the sake
of brevity we refrain from recapitulating the complete crystal plasticity model from
Schnabel & Bargmann [38] in detail here. For a complete compilation of the model
equations, the reader is referred to the supplementary material.
In the here used model, the dislocation densities on slip systems α are assumed to
evolve with a generation-recovery format proposed in [39, 40]
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The first term of equation (1) describes the accumulation of dislocations due to
plastic shear on the slip system given in terms of the plastic shear rate να . In this,
Aα,0 is a reference accumulation coefficient, ρdis
α,sat denotes the saturation value for the
dislocation density and pα > 0 is a constant. The second term of equation (1) models
the static thermal recovery behaviour. In this, Rα,0 is a reference recovery rate, QR
denotes the activation energy for static recovery, kB is the Boltzmann constant, θ is
the absolute temperature and F (ρdis
α ) is a (so far not further specified) function of the
current dislocation density.
The twinned volume fractions fβ of twinnings systems β were assumed to evolve
directly with the twinning rates gβ , i.e.
f˙β = gβ .

(2)

The plastic shear rates να on slip systems α and the twinning rates gβ on twinning
systems β are determined by relating the resolved shear stress τ on the respective
systems (in case of twinning only evaluated in positive twinning direction) to their
current slip/twinning resistance ταY respectively τβT via the well-established viscoplastic
powerlaw introduced by Pierce at al. [41].
The current slip/twinning resistances ταY respectively τβT are described by
Y
ταY = τα,0
+ ∆ταY ,

(3)

τβT

(4)

=

T
τβ,0

+

∆τβT ,

Y and τ T are the initial slip respectively twinning resistance while ∆τ Y
where τα,0
α
β,0
and ∆τβT denote their work hardening increments.
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In fully lamellar TiAl alloys, the initial resistance to slip and twinning is strongly influenced by the three types of coexisting microstructural boundaries – namely lamella,
domain and colony boundaries – as they act as strong barriers for dislocation motion
and twin propagation. At the very beginning of plastic deformation, the motion of
dislocations and the propagation of twins are hindered by lamella or domain boundaries (depending on the orientation of their shear plane with respect to the lamella
plane). Once the stress is sufficiently high for the lamella and domain boundaries to
be overcome, the plastic deformation is free to propagate across the colony but is
still hindered by the colony boundaries. This manifests in three distinct Hall-Petch
strengthening effects that collectively determine the yield strength of fully lamellar
Y reTiAl alloys. Following the ideas from [10], the initial slip/twinning resistances τα,0
T were, thus, modeled via the sum of the Hall-Petch strengthening effect
spectively τβ,0
of lamella/domain and colony boundaries (cf. Schnabel & Bargmann [38])
kD/L
kC
Y
τα,0
= τR + p
+√ ,
λD/L
λC
kD/L
kC
T
τβ,0
= τR + p
+√ ,
λD/L
λC

(5)
(6)

where τR denotes the lattice resistance to slip and twinning and kD/L/C are the
Hall-Petch coefficients for domain/lamella/colony boundary strengthening.
The work hardening terms ∆ταY and ∆τβT in equations (3) and (4) were specified in
terms of four distinct work hardening interactions (cf. Schnabel & Bargmann [38]):
(1) The work hardening due to dislocation interaction is modeled via classical Taylor
hardening, i.e., in terms of the square root of the total dislocation density (see,
e.g., [39, 40])

Y
∆τα,s|s

v
u N sl
uX
ρdis
= aGbα t
α .

(7)

α

In this, a is a material specific constant which is ≈ 0.5 in TiAl [3], G denotes the
shear modulus, bα is the magnitude of the Burgers vector and N sl is the number
of slip systems.
(2) The Hall-Petch strengthening effect of twins β on non-coplanar (ncp) slip systems
α is incorporated following the ideas from [42] via
Y
∆τα,s|t
=

Pncp

hαβ fβ
Pncp .
1.0 − β fβ
β

(8)

In this, hαβ is a hardening coefficient.
(3) The Hall-Petch strengthening effect of twins β 0 on non-coplanar twinning systems
β is incorporated the same way, again following the ideas from [42]
T
∆τβ,t|t

=

Pncp

hββ 0 fβ 0
Pncp
.
1.0 − β 0 fβ 0
β0
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(9)

In this, hββ 0 is a hardening coefficient.
(4) The interaction of twinning partial dislocations with the slip dislocation network
is modeled as proposed in [43]
T
∆τβ,t|s
= Gbβ

Nsl
X

Cβα bα ρdis
α

(10)

α

with Cβα being an interaction coefficient.
The model parameters for the dislocation accumulation in equation (1) and the work
hardening relations (7)-(10) are identified by calibrating the model against the uniaxial
compression experiments with differently oriented polysynthetically twinned crystals
reported in [14]. While the lamella and domain boundary Hall-Petch coefficients kL and
kD are accessible from experiments with polysynthetically twinned crystals [44, 45],
colony boundary strengthening can only be investigated in specimens in which all
three types of microstructural boundaries coexist. Experimentally determining the
relative contribution of colony boundaries to the yield strength of fully lamellar TiAl
is thus challenging as it requires the tested specimens to all exhibit the same lamella
thickness and domain size while showing systematically altered colony sizes, which is
hard to control even with sophisticated alloying techniques [10, 46]. The discussion
on the colony boundary strengthening effect is further complicated by the fact that
the corresponding Hall-Petch coefficient kC appears to be a function of the lamella
thickness and the domain size. Thus, for a given colony size there exists a band of HallPetch coefficients kC for different lamella thicknesses and domain sizes [10, 11, 46].
The non-trivial dependence of the colony boundary strengthening coefficient on the
lamella thickness and domain size was first proposed in [11] and is best illustrated by
recalling that Hall-Petch strengthening can be interpreted as the pile-up stress that
is required to trigger plastic deformation in the neighbouring grain. In the case of
lamellar colonies, the strength of the deformation systems that need to be activated
in order to overcome the colony boundaries is itself a function of the lamella thickness
and the domain size effectively rendering the colony boundary strengthening to be a
function of λL and λD too. In Schnabel & Bargmann [38], we were able to show that
modeling kC as a function of the lamella thickness does, in fact, allow to rationalise
the many different values of kC that have been measured experimentally. The model
parameters that have been used to produce the numerical results of the current paper
are summarised in the Appendix.
The defect density-based crystal plasticity model from Schnabel & Bargmann [38]
has been applied in the following to complement the experimental findings on the active
deformation systems in differently oriented polysynthetically twinned crystals/single
colonies and to gain a deeper insight into their relative activity and work hardening interactions. As the model was formulated in a microstructure sensitive way (see
equations (5) and (6)), it has then been applied to a polycolony microstructure to investigate the inhomogeneous microplasticity in the colonies (i.e. the micro yield) and
its sensitivity to changes in lamella thickness, domain size and colony size. Based on
the findings from static recovery experiments on differently oriented polysynthetically
twinned crystals, the so far not specified parameters of the recovery model (second
term in equation (1)) are identified and based on this calibration trends in the recovery behaviour of polysynthetically twinned crystals and polycolony microstructures
are analysed.
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2. Relative activity of slip and twinning systems during room
temperature deformation
In the following, the relative activity of deformation systems in polysynthetically
twinned crystals/single colonies and polycolony microstructures during room temperature deformation has been investigated using the micromechanical model of Schnabel
& Bargmann [38].
In order to make slip and twinning comparable, the relative activity is expressed in
terms of the plastic shear γ on the respective systems. We have distinguished between
the cumulative relative activity and the instantaneous relative activity. The cumulative
relativeR activity of a system i is defined
in terms of its accumulated plastic shear γ i
R
(γ α = |να |dt for slip and γ β = γT gβ dt for twinning; with γT = √12 denoting the
P
γ i on all systems.
twinning shear) divided by the total accumulated plastic shear γ =
The instantaneous relative activity is determined by relating the current plastic shear
rate γ̇i (i.e. να for
P slip and γT gβ for twinning) to the cumulated shear rate on all
systems, i.e. γ̇ =
γ̇i .
To easily illustrate the relative activities within the lamellar ensemble, it is helpful
to display the high number of deformation systems that are simultaneously activated
in different lamellae grouped by their deformation characteristics. A mechanism based
classification of the deformation systems, based on the crystallography of the phases,
would group them into ordinary slip, super slip and twinning in the γ lamellae and into
basal, prismatic and pyramidal slip in the α2 lamellae (see Table 1). The dominant
influence of the microstructural interfaces does, however, suggest another classification
of the deformation systems according to their orientation with respect to the lamella
interface as introduced in [47]. With s being the slip/twinning direction and n being
the slip/twinning plane normal, a deformation system is assigned to be either
• longitudinal (s k lamella plane; n ⊥ lamella plane),
• mixed (s k lamella plane; n 6⊥ lamella plane) or
• transversal (s ∦ lamella plane; n 6⊥ lamella plane)
where k and ∦ mean parallel and non-parallel and ⊥ and 6⊥ mean perpendicular
and non-perpendicular. Obviously, the free path length and, thus, the strength of the
longitudinal systems is determined by the domain size while the free path length of
transversal systems is determined by the lamella thickness. Although not as obvious,
the strength of mixed systems has been found to also depend on the lamella thickness
[44, 45]. Thus, longitudinal systems generally exhibit significantly lower strengths than
mixed and transversal systems. The classification of all deformation systems is given
in Table 1.
2.1. Polysynthetically twinned crystals/single colonies
Differently oriented single colonies have been investigated first, in order to provide a
sound picture for the evolution of the relative activities in the lamellar ensemble. This
has been achieved by comparing model predictions to experimental findings from the
literature [13–16, 19].
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Table 1. Slip and twinning systems in γ and α2 phase with
morphological classification according to [47].

system
(111)[110]
(111)[011]
(111)[101]
(111)[110]
(111)[011]
(111)[101]
(111)[110]
(111)[110]
(111)[011]
(111)[101]
(111)[011]
(111)[101]
(111)[112]
(111)[112]
(111)[112]
(111)[112]
system
h1120i(0001)
h1120i{1100}
h1126i{1121}

γ phase
mechanism
classification
ordinary slip
longitudinal
super slip
longitudinal
super slip
longitudinal
ordinary slip
mixed
super slip
mixed
super slip
mixed
ordinary slip
transversal
ordinary slip
transversal
super slip
transversal
super slip
transversal
super slip
transversal
super slip
transversal
twinning
longitudinal
twinning
transversal
twinning
transversal
twinning
transversal
α2 phase
mechanism
classification
basal slip
longitudinal
prismatic slip
mixed
pyramidal slip
transversal

index

1




2




3




4




5

6
α


7




8




9




10



11
12

1


2
β

3

4
index
1-3

4-6
α

7-12

2.1.1. Numerical results
Figure 2 shows the representative volume element (RVE) of a polysynthetically
twinned crystal that was used in the finite element simulations and introduces the
loading angle ϕ with respect to which the simulation results are presented in the
following.

Figure 2. Representative volume element of a polysynthetically twinned crystal with definition of the loading
I−III
angle ϕ. γM
: matrix domains; γTI−III : twin domains. Figure taken from Schnabel & Bargmann [38].

The RVE from Figure 2 is discretised using linear hexahedral elements. The mesh is
then subjected to periodic boundary conditions. The rotation of the lamella plane with
respect to the uniaxial load is realised by embedding the RVE into a dummy element
with a very low stiffness assigned to it and relating the averaged deformation of the
dummy element to the deformation of the RVE via suitable rotation transformations
(see [48] for details).
The relative activity of the deformation systems during the interface dominated
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plasticity of fully lamellar TiAl is best illustrated by grouping them according to the
morphological classification introduced above. Figure 3 shows the relative activity of
the deformation modes during uniaxial compression of differently oriented polysynthetically twinned crystals/single colonies as calculated by the crystal plasticity model.
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Figure 3. Simulated (a): instantaneous and (b): cumulative relative activity of deformation systems in γ
lamellae of differently oriented polysynthetically twinned crystals grouped by morphological class (ls: longitudinal slip; ms: mixed slip; ts: transversal slip; lt: longitudinal twinning; tt: transversal twinning). Simulated and
experimental stress-strain curves are shown in order to enable to relate changes in relative activity to specifics
of the macroscopic stress-strain response. Experimental curves (dashed lines) are taken from [14]. Simulation
results (solid lines) have been obtained for an α2 volume fraction of 2%, lamella thickness λL = 1.1 µm and
domain size λD = 50 µm.

The predicted relative activities, shown in Figure 3, allow one to identify the dominant deformation modes for a specific lamella orientation at one glance. The groups
of deformation systems that contribute to plastic deformation change with lamella
orientation. Thus, the range of investigated loading angles can be roughly partitioned
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into three segments which generally show different deformation behaviour [3]:
• For loading near 0◦ (lamella interface parallel to uniaxial load), the deformation
is mainly carried by mixed slip with subsequent activation of transversal twinning
and slip systems.
• For loading near 90◦ (lamella interface perpendicular to uniaxial load), plastic
deformation is accomplished by transversal slip and twinning.
• For loading near 45◦ , only longitudinal slip and twinning systems are activated.
For loading angles between 0◦ and 45◦ and between 45◦ and 90◦ respectively, a
gradual transition between these predominant deformation modes occurs.
The predominant activity of slip and twinning systems of only one or two morphological classes as well as the transitions between these principal deformation modes is also
reflected in the macroscopic deformation behaviour of polysynthetically twinned crystals. Figure 4 illustrates the macroscopic deformation of differently oriented polysynthetically twinned crystals in terms of the lateral strains as they were determined
in [14]. In [14], the lateral strains εx and εy in x and y direction (according to the
coordinate system introduced in Figure 2), were identified at the end of deformation
and normalised to the corresponding compression strain εz which ranged between 0.10
and 0.15. If both relative transversal strains take values of -0.5, the deformation is
isotropic. If one relative transversal strain does, however, take a value of -1 while the
other is 0, a plane strain deformation is present. Illustrating the macroscopic deformation of polysynthetically twinned crystals in terms of the transversal strains helps
to quantify what was qualitatively observed on the deformed specimens in [16].
EXP εx/εz

SIM εx/εz

EXP εy /εz

SIM εy /εz

relative transversal strain [–]

0.25
0.00
−0.25
−0.50
−0.75
−1.00
−1.25

0

10 20 30 40 50 60 70 80 90
loading angle ϕ [◦]

Figure 4. Relative transversal strains of polysynthetically twinned crystals as function of loading angle ϕ.
Experimental data are taken from [14].

For loading angles ϕ between 0◦ and 45◦ ,the simulated relative transversal strains
match well the experimental findings including the switch from plane strain deformation in the yz plane to plane strain deformation in the xz plane that occurs for
10◦ < ϕ <15◦ . However, the applied model fails to capture the details in the relative
transversal strains for loading angles of 75◦ < ϕ < 90◦ . Instead of the experimentally
observed trend towards an isotropic deformation, the model predicts a plane strain
deformation in the xz plane. This behaviour has been observed in previous modeling
approaches [47, 48] and has been identified to result from modeling the deformation
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system strengths according to their morphological instead of their mechanism based
classification [47]. For a loading angle of exactly 90◦ , the model predicts a plane strain
deformation in the yz plane rather than the experimentally observed nearly isotropic
deformation. Since the Schmid factors for loading perpendicular to the lamella boundaries (90◦ ) are the same on several transversal slip and twinning systems on oblique
shear planes (see, e.g., [16]), this lamella orientation is particularly prone to misalignment in experiments and to the choice of the strength of the different deformation
mechanisms and their mutual work hardening interaction parameters in modeling.
The observed behaviour interestingly also occurred in a previously reported crystal
plasticity model [48] and indicates that despite the symmetry in the Schmid factors,
the model favors plastic deformation on a single shear plane.
2.1.2. Literature experimental findings
While being an inherent result of crystal plasticity simulations, it is difficult to obtain
the relative activity of deformation systems from experiments. In the past, sophisticated experimental techniques were applied in order to identify which deformation
systems accomplish the plastic deformation of differently oriented polysynthetically
twinned crystals/single colonies. Table 2 briefly summarises the experimentally identified active deformation modes in the most commonly studied lamella orientations.
Table 2. Experimentally determined active deformation systems in characteristic orientations of polysynthetically twinned crystals/single colonies under uniaxial compression.
orientation
qualitatively
0◦

explicitly
qualitatively

31◦

explicitly
qualitatively

45◦

explicitly
qualitatively

90◦

explicitly

active deformation modes
across lamella boundaries
mixed slip
transversal slip
transversal twinning
parallel to lamella boundaries
longitudinal slip
longitudinal twinning
parallel to lamella boundaries
longitudinal slip
longitudinal twinning
across lamella boundaries
transversal slip
transversal twinning

ref.
[13]
[14–16, 19]
[16]
[14–16]
[13]
[16]
[16]
[13]
[14, 19]
[19]
[13]
[14, 16]
[14, 16]

The summarised experimental findings from different studies, see Table 2, give a relatively complete picture of the deformation systems that accomplish plasticity for the
tested lamella orientations. However, detailed experimental investigations of activated
deformation systems usually involve destructive methods like transmission electron
microscopy (TEM)[16] and are thus naturally limited to studying the specific defect
structure of a single deformation state. Therefore, such studies do not generally reveal
the order in which deformation systems were activated. Although micro compression
tests [18–20] generally allow in situ identification of slip and twinning activity in the
form of stress drops and surface traces, a detailed analysis of the activated deformation
systems within the thin lamellae necessitates high resolution imaging techniques and
is thus usually carried out after deformation. The only in situ studies that discussed
the successive activation of deformation systems are reported in [14, 15]. In [14, 15],
the evolution of the inherently strong texture of polysynthetically twinned crystals
was recorded for two lamella orientations (0◦ and 90◦ ) and the activated deformation
systems to accomplish such texture changes were determined. The results allowed for
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direct identification of twinning activity on transversal systems since transversal twins
introduce new crystal orientations in the recorded pole figures. Longitudinal twinning
activity could, however, not be identified using texture analysis since longitudinal twins
produce preexisting crystal orientations [15]. Thus, texture measurement did not allow
a complete assessment for the evolution of the active deformation systems.
2.1.3. Discussion
The deformation modes predicted by the Schnabel & Bargmann model [38] to be
active in the characteristic lamella orientations of 0◦ , 45◦ and 90◦ coincide well with
the ones that were observed experimentally (compare Figure 3 to Table 2). Since for a
loading angle of 45◦ the longitudinal systems exhibit the highest Schmid factors it is
evident that the considerably stronger mixed and transversal systems are not activated
in this orientation. For loading parallel to the lamella interfaces (i.e. 0◦ ), the Schmid
factors on longitudinal systems are zero (deformation plane parallel to load). Thus, the
stronger mixed and transversal systems have to be activated. For a loading angle of
90◦ , both longitudinal and mixed systems exhibit Schmid factors of zero (longitudinal:
deformation plane and direction perpendicular to load, mixed: deformation direction
perpendicular to load). Thus, solely transversal systems are activated during loading
at 90◦ .
Due to their relatively low strength, preferred deformation was by longitudinal systems over a wide range of intermediate loading angles (cf. 31◦ in Table 2). However,
with increasing deviation away from the ideal 45◦ orientation, the Schmid factor for
longitudinal systems decreases. This leads to an increase in initial flow stress so that
for loading angles near to 0◦ and 90◦ sufficiently high stresses are reached to activate mixed and/or transversal systems. The transition of characteristic deformation
behaviour between the ideal 0◦ and 45◦ orientations and between the 45◦ and 90◦
orientations is, however, not as easily explained by simple Schmid factor comparisons.
In [14], this transition was suspected to cause the distinct features that have been
observed in the stress-strain curves for tests with loading angles of 15◦ and 75◦ (cf.
Figure 3). While the stress-strain responses for the 15◦ and 75◦ orientations show
identical initial yield stresses, their post yield behaviour is very different. The 15◦
orientation exhibits a moderate initial work hardening rate that slightly decreases with
ongoing deformation and finally increases again. The 75◦ orientation on the other hand,
is characterised by an initially very high hardening rate which after some plasticity
shows a transition to a much lower hardening rate. These consecutive changes in the
macroscopic work hardening rate are most likely related to the onset of slip and/or
twinning activity on additional deformation systems and their strengthening effect on
the initially active systems.
The simulated relative activities reveal that longitudinal systems initially contribute
significantly to the plastic deformation in both orientations which explains the relatively low yield point. However, for the 75◦ orientation the stress rapidly reaches levels
high enough to activate the hard deformation modes of the ideal 90◦ orientation. With
the onset of transversal slip and twinning activity, longitudinal deformation dies out
completely causing the observed reduction of the hardening rate. Since transversal
twins significantly reduce the free path length of longitudinal deformation systems,
this strong reduction of longitudinal slip and twinning activity is clearly attributed to
the increasing transversal twinning activity. As suspected in [14], the experimentally
observed increase of the work hardening in the 15◦ orientation tests after ≈ 0.1 plastic
strain might be related to a similar process. However, as for this lamella orientation
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the stress-strain response is underestimated, the simulations do, unfortunately, not
provide insight into potential causes for the experimentally observed sudden increase
in the work hardening rate.
The closer the investigated loading angles are to the ideal orientations of 0◦ and 90◦ ,
the lower the initial activity on the longitudinal slip and twinning systems (cf. Figure
3, 10◦ and 80◦ ). A comparison of the instantaneous to the cumulative relative activities
does, however, show that a deformation mode that is only active at the beginning of
deformation (e.g. longitudinal twinning) may still contribute a significant part of the
overall accumulated plastic shear.
The actual loading angle at which the transition between longitudinal and transversal/mixed deformation systems occurs is directly related to their relative strengths.
The higher the strength of the hard deformation modes, the closer to the ideal orientations of 0◦ and 90◦ the soft longitudinal systems remain active. This is supported
by comparing the findings from [19] for microcompression tests with loading angles
of 78◦ and 83◦ to the simulation results shown in Figure 3. While the simulation results for loading angles of 80◦ and 85◦ show moderate to no activity on longitudinal
deformation systems, considerable longitudinal deformation was observed for the 78◦
and 83◦ tests reported in [19]. This indicates, that the hard deformation modes, i.e.
mixed and transversal systems, were stronger in [19] than in the simulations presented
here. Indeed, in [19] the lamella thickness was reported to be λL = 0.287 ± 0.133 µm
as compared to λL = 1.1 µm in the current simulations, thus supporting the above
observation.
By carefully evaluating the effective shear deformation of the different γ domains in
case of (simultaneous) activation of specific slip and twinning systems, it was possible
in the past to relate the experimentally observed activity of deformation systems to
the macroscopic deformation of polysynthetically twinned crystals [3, 14, 16]. These
– mostly analytical – considerations allowed to explain the observed deformation behaviour in the three loading angle regimes, i.e. 0◦ < ϕ < 10◦ , 15◦ < ϕ < 75◦ and
75◦ < ϕ < 90◦ .
The plane strain deformation which is observable for intermediate loading angles
between 15◦ and 75◦ as well as the nearly isotropic deformation that occurs close to
a loading angle of 90◦ (cf, Figure 4) coincide well with the predominant deformation by longitudinal and transversal deformation systems respectively [3, 14, 16]. The
macroscopic deformation of polysynthetically twinned crystals under loading angles
between 0◦ and 10◦ seems, however, not to be in line with the deformation systems
that have been observed to be active. For such orientations near 0◦ , polysynthetically
twinned crystals show almost no strain perpendicular to the lamella boundaries (cf.
Figure 4). While a respective shear deformation parallel to the lamellae is naturally
accomplished by the predominant deformation by mixed slip systems (cf. Figure 3),
the simultaneously activated transversal deformation systems – per definition – lead
to a shear across the lamella boundaries and should thus yield a non-zero strain perpendicular to the lamellar boundaries. However, as it has been elaborately discussed
in [3, 14, 16, 49] the transversal deformation systems that have been found to be
active for loading angles near 0◦ act in such a way that their net shear lies parallel
to the lamella boundaries, i.e. their shear components perpendicular to the lamella
boundaries cancel out [3, 14, 16, 49].

13

2.1.4. Summary
Comparison between simulations and experimental findings for the active deformation systems in differently oriented polysynthetically twinned crystals/single colonies
shows a good agreement. This agreement demonstrates the models ability to successfully predict the micromechanical deformation and corresponding work hardening. In
addition, the simulations allowed investigation of the transitions between predominant
deformation modes as observed during testing at intermediate loading angles, i.e. near
15◦ and 75◦ .
2.2. Polycolony microstructure
As shown above, uniaxial loading of differently oriented polysynthetically twinned
crystals or single colonies leads to selective activation of different groups of deformation systems. Thus, it has been possible to attribute the activity of certain deformation modes to specifics of the macroscopic stress-strain response. In fully lamellar
microstructures, the macroscopic stress-strain response is, however, the result of simultaneous deformation of multiple anisotropic colonies. As a consequence of the kinematic constraints imposed by neighboring colonies, the effective load on individual
colonies is not as well defined as in the uniaxial loading of polysynthetically twinned
crystals/single colonies. Despite the knowledge gained about the anisotropic deformation behaviour of the single colonies, it is not possible to predict which deformation
systems are preferably activated in a colony by the angle between its lamellar plane
and the macroscopic loading direction alone. Applying the crystal plasticity model
from Schnabel & Bargmann [38] to the representative volume element of a fully lamellar microstructure shown in Figure 5 does, however, allow the identification of the
contribution of different deformation modes to the collective plasticity of different
colonies and furthermore enables visualisation of the inhomogeneous plasticity in the
microstructure. By systematic variation of the microstructural parameters (i.e. lamella
thickness, domain size and colony size), it is furthermore possible to evaluate their influence on the microplasticity. The RVE, shown in Figure 5, is discretised using wedge
elements and the resulting mesh is subjected to periodic boundary conditions.
2.2.1. Numerical results
In order to illustrate the relative activity of deformation systems in polycolony microstructures as well as microyielding, we have simulated compression of an exemplary
microstructure with an α2 volume fraction of 10%, a colony size of λC =250 µm, a domain size of λD =25 µm and a lamella thickness of λL =0.5 µm. The simulation results
are shown in Figure 6.
The simulated macroscopic stress-strain response in Figures 6(a) and (b) is characterised by a comparatively low initial yield stress (not to be confused with σ0.2 )
followed by a strong stress increase. The initially very high slope of the stress-strain
response gradually decreases with ongoing plasticity and finally reaches a constant
value. The instantaneous relative activities in Figure 6(a) show that at the beginning
of plasticity only longitudinal systems are activated. Shortly after the onset of yield,
the activity of transversal slip and twinning systems rapidly increases while a moderate activity of mixed slip systems is observed thereafter. Contour plots of the total
plastic shear γ at different deformation stages (see Figures 6(c), (d) and (e)) show a
strong localisation of plastic shear which is maintained with ongoing deformation.
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Figure 5. Periodic representative volume element of a polycolony fully lamellar microstructure consisting
of 36 lamellar colonies. The colonies have been created by a 2D Voronoi diagram. Subsequent extrusion in
z-direction achieved a 3D columnar representation of the colonies. See [50] for a discussion of difficulties and
different strategies when generating RVEs of fully lamellar microstructures.
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Figure 6. Simulation results for compression of an exemplary polycolony microstructure with α2 volume
fraction 10%, colony size λC =250 µm, domain size λD =25 µm and lamella thickness λL =0.5 µm. (a), (b):
Macroscopic stress-strain curve (line plot) and relative activity of deformation systems (coloured areas); (c), (d),
(e): Contour plots of total plastic shear γ on the representative volume element of the polycolony microstructure
shown in Figure 5. Red areas correspond to γ > 0.4 while blue areas indicate γ < 0.05.

Following ideas from [23, 51], the influence of the relative strength of different de-
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formation systems on this specific stress-strain response has been analysed by three
additional simulations with systematically altered microstructural lengths. Based on
the reference microstructure used above (λC =250 µm, λD =25 µm and λL =0.5 µm),
the three microstructural lengths (lamella thickness, domain size and colony size) have
been reduced by a factor of 5 in succession while the other parameters remained the
same. The stress-strain curves obtained are given in Figure 7.
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Figure 7. Simulated macroscopic stress-strain response of a polycolony microstructure after systematically
altering microstructural lengths (with respect to the reference microstructure, i.e. λC =250 µm, λD =25 µm and
λL =0.5 µm). λC : colony size; λL : lamella thickness; λD : domain size. left: results up to 7.5% plastic strain;
right: magnification of the response at the beginning of deformation up to 0.75% plastic strain.

2.2.2. Discussion
The initial change in slope of the stress-strain curve shown in Figure 6 is not related to
specific work hardening interactions but rather illustrates the gradual onset of yield in
fully lamellar microstructures, i.e. the microyield. On the microstructural level, micro
yield is characterised by a strong localisation of plasticity that is visible in the contour plots (Figures 6(c), (d), (e)) and was observed experimentally in [6–8] and also
in the numerical simulations from [23, 51]. Naturally, plastic deformation is initiated
in colonies that exhibit sufficiently high Schmid factors on the weakest (i.e., on longitudinal) deformation systems. However, as long as the colonies are forced to undergo
compatible deformation, the kinematic constraints in the microstructure prevent plastic deformation being solely accomplished by longitudinal deformation systems in soft
colonies. With ongoing deformation, the increasing stresses reach sufficient levels to
trigger plasticity of mixed and transversal deformation systems in colonies that are unfavorably oriented for deformation by longitudinal systems. This causes the observed
gradual reduction of strain hardening, i.e. the decreasing slope of the stress-strain response. Figure 6 which shows the relative deformation system activities initially shows
pronounced longitudinal deformation but then indicates a strong increase of especially
transversal slip within the first 1.5%-2% plastic strain which apparently marks the
deformation state at which all colonies have started to deform plastically.
Since the relative activity of the deformation systems in a colony is determined by
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their relative strengths, the microyield behaviour obviously is different for different
microstructural parameters (i.e. domain size λD , lamella thickness λL and colony size
λC ). The influence of the microstructural parameters on the micro yield behaviour, as
shown in Figure 7, is thus best understood by combining the simulated relative activities from Figure 6 with Hall-Petch arguments. The stress-strain response obtained for
the exemplary microstructure used above (λC =250 µm, λD =25 µm and λL =0.5 µm)
serves as reference for comparison in the following discussion.
2.2.2.1. Influence of domain size. With decreasing domain size λD , the free
path length of all longitudinal systems is reduced and consequently their strength
is increased. Since at the onset of plasticity deformation was found to be mainly
accomplished by longitudinal systems (cf. Figure 6), a decrease of λD consequently
results in a higher initial yield stress, see Figure 7. Apart from that, the characteristics
of the stress-strain response remains unchanged so that the overall influence of λD is
apparently rather small.
2.2.2.2. Influence of colony size. As explained in the introduction and modeled
in equations (5) and (6), the colony size λC affects all deformation systems simultaneously. Consequently, decreasing λC leads to an increase in initial yield stress through
strengthening of longitudinal systems and results in a higher initial slope of the stressstrain response (strain hardening) as the harder to activate mixed and transversal
systems are also strengthened. For plastic strains beyond 2%, i.e. in the strain regime
where presumably all colonies deform plastically, the hardening rate is approximately
the same as in the reference microstructure.
2.2.2.3. Influence of lamella thickness. Reducing the lamella thickness λL obviously directly strengthens the transversal and mixed deformation systems which
results in a higher initial slope of the stress-strain response since higher stresses are
necessary to trigger plasticity in unfavorably oriented colonies. Thus, the constant
hardening rate that characterises the deformation state in which all colonies deform
plastically is only reached at higher stresses and higher plastic strain.
As proposed in [11] and briefly discussed in the introduction, the colony boundary
Hall-Petch coefficient kC appears to be a function of the lamella thickness and to
a lesser extend of the domain size. In Schnabel & Bargmann [38], kC is therefore
modeled in dependence of the lamella thickness (see also the Appendix) in order to
include its non-trivial influence on the Hall-Petch strengthening by colony boundaries.
In consequence, longitudinal systems are additionally strengthened by reducing λL so
that Figure 7b also shows a slight increase in the initial yield stress.
2.2.3. Summary
The simulation results illustrate the relative activity of deformation modes during the
plastic deformation of polycolony microstructures and identified their order of activation. Furthermore, the localisation of plastic shear in the microstructure resulting
from the plastic anisotropy of the colonies has been visualised. By combining the simulated relative activities with a systematic variation of the microstructural lengths
(i.e. lamella thickness, domain size and colony size), it has been possible to attribute
specific characteristics of the micro yield behaviour to the strengths of the longitudinal, mixed and transversal deformation systems, a topic which has been debated in
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literature to some extent [9–11]. Consequently, such simulations are capable of identifying microstructural length combinations that yield the most balanced mechanical
properties.

3. Recovery
It is crucial for some technical applications and processes to know how much work
hardening is recovered for different annealing temperatures and annealing times. The
rate at which the dislocation density ρdis
α on a slip systems α is reduced during thermal
recovery can generally be described by an Arrhenius type law of the form shown
in equation (1). In [4], the activation energy for recovery QR is found to correlate
with the activation energy of selfdiffusion QSD . With the Boltzmann constant kB ,
the temperature dependent part of equation (1) is thus known. As mentioned in the
introduction, static recovery in TiAl alloys has, however, only been investigated in few
experimental studies (cf. Appel et al. [4] and Paul & Appel [5]). Thus, little is known
about the specifics of the functional relation F (ρdis
α ) in equation (1).
dis
Although the functional relation F (ρα ) is not known specifically, it is evident that
higher dislocation densities should result in higher recovery rates. As a result of the
strong plastic anisotropy of polysynthetically twinned crystals and single colonies, the
evolving dislocation density on a slip system depends on its orientation with respect
to the lamella plane, i.e. on its morphology. Consequently, the effective recovery rate
presumably differs significantly between slip systems of different morphological classes.
Despite such an apparent anisotropy of the effective recovery rate, its functional relation on the current dislocation density (i.e. F (ρdis
α )) is assumed in the following to
be the same for all slip systems irrespective of their morphology. It follows from this
assumption that
• the recovery on all slip systems α can be described by the same Rα,0 and F (ρdis
α ),
dis
• the functional relation F (ρα ) does not depend on microstructural lengths, i.e.
on lamella thickness λL , domain size λD or colony size λC and that
• the same recovery description can be used for both, polysynthetically twinned
crystals and polycolony microstructures.
In order to validate these assumptions concerning the functional relation between
recovery rate and current dislocation density on a slip system, we examined the static
recovery behaviour of differently oriented polysynthetically twinned crystals, combining experiments and simulations.
3.1. Polysynthetically twinned crystal/single colony
3.1.1. Experiments
In order to investigate the static recovery behaviour of differently oriented polysynthetically twinned crystals, compression specimens were cut from polysynthetically
twinned crystals using electro-discharge machining. Subsequently, the specimens were
machined to their final dimensions of 2.5 mm in diameter and 5 mm length by low
stress grinding. The lamellae were oriented at 0◦ , 45◦ and 90◦ . Table 3 summarises
the microstructural characteristics and measured compositions of the polysynthetically
twinned crystal specimens.
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Table 3. Microstructural characteristics of the polysynthetically twinned crystals. 0◦ and
45◦ specimens were cut from a different parent crystal than the 90◦ specimens. EDX: energydispersive X-ray spectroscopy; ∗ : α2 volume fraction used in the simulations.
composition
γ
α2
α2 content [Vol.-%]
EDX
λL [µm]
λD [µm]
λL [µm]
image analysis
XRD∗
0◦ /45◦
Ti-49 at.% Al
2.3±0.4
26.8
0.66±0.12
6.6±2.40
4.6
90◦
Ti-48.5 at.% Al
1.7±0.3
29.4
0.37±0.19
2.6±0.38
1.5

The specimens were deformed at room temperature to a nominal plastic strain of 5%
between SiC dies in a MTS 810 testing machine. An extensometer attached to the dies
was used to measure the strain and to control the deformation rate so that a constant
strain rate of 2.38 × 10−5 s−1 was applied (i.e. strain controlled mode). From the
recorded data, graphs of engineering stress against plastic strain were calculated and
the influence of specimen orientation on the flow stress and work hardening behaviour
determined.
In order to investigate the effect of heat-treatment on recovery, the deformed specimens were held at 650◦ C for either 4 or 8 hours in air before being removed from the
furnace to air cool. These specimens were then re-tested, as above, to an additional
1% plastic strain. The influence of the heat-treatment on the mechanical behaviour
was then determined. The stress-strain curves obtained are depicted in Figure 8.
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Figure 8. Experimental and simulated results of room temperature compression tests with polysynthetically
twinned crystals under loading angles of 0◦ , 45◦ and 90◦ . After 5% plastic strain the specimens were unloaded
and then annealed at 650◦ C for (a) 4 hours; (b) 8 hours. Retesting was conducted at room temperature up to
an additional 1% plastic strain. The microstructural parameters of the polysynthetically twinned crystals can
be found in Table 3.

For a better assessment of the results, Figures 9(a), (b) and (c) show the yield
stresses σ0.2 for the different loading angles as well as the stresses after 5% of plastic
strain (i.e. after predeformation) and the yield stresses after different annealing times
at 650◦ C.

19

EXP 0◦
EXP 45◦
EXP 90◦

SIM 0◦
SIM 45◦
SIM 90◦

EXP 0◦
EXP 45◦
EXP 90◦

900

900

700
600

800

500
400
300

700

200

yield stress after recovery @650◦C [MPa]

yield stress [MPa]

800

100
0

0

15

30

45

60

orientation angle [◦]

75

90

(a)

stress after 5% plastic strain [MPa]

SIM 0◦
SIM 45◦
SIM 90◦

EXP 0◦
EXP 45◦
EXP 90◦

SIM 0◦
SIM 45◦
SIM 90◦

900
800
700
600

600

500

400

300

200

500
400
300

100

200
100
0

0

15

30

45

60

orientation angle [◦]

75

0
0

90

1

2

3

4

5

6

7

8

annealing time [h]

(b)

(c)

Figure 9. Experimental and simulation results for polysynthetically twinned crystals with lamella orientations
of 0◦ , 45◦ and 90◦ . Microstructural parameters of the polysynthetically twinned crystals can be found in Table
3. (a): Yield stress; (b): Stress after 5% plastic strain; (c): Yield stress after annealing at 650◦ C.

3.1.2. Numerical results
Recovery during the annealing step was modeled according to [39] by specifying F (ρdis
α )
from equation (1) to be

F (ρdis
α )=

*

dis
ρdis
α − ρα,min

ρdis
ref

+qα

.

(11)

In this, ρdis
α,min is the minimum dislocation density for recovery to take place, ρref
is a reference dislocation density and qα > 0 is a constant. As mentioned above, with
QR ≈ QSD (determined in [4]) and the Boltzman constant kB , the parameters of the
temperature dependent part of the Arrhenius type law in equation (1) are known.
The missing parameters for the recovery model are determined as described in the
following. As the reference dislocation density ρdis
ref is introduced for normalization
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purposes only, it is set to 1 mm−2 . Although there is probably a certain fraction of the
dislocation density which cannot be annealed out by static recovery (cf. Paul & Appel
[5]), for the sake of simplicity ρdis
α,min is set to zero. As proposed in [37, 39] the thermal
2
annihilation of dislocations is assumed to increase with ρdis
. Thus, the constant
α
exponent qα was set to 2. The only remaining parameter Rα,0 (see equation (1)) is
calibrated to the experiments described above.
Table 4. Parameters of the recovery model
phase
parameter
value
unit
eV
kB
8.617 × 10−5
K
QR
3.0
eV
1
5
γ/α2
Rα,0
0.5 × 10
mm2 s
1
ρdis
0
α,min
mm2
1
ρdis
1
ref
mm2
qα
2

ref.
[4]
this work
this work
this work
this work

Figure 8 shows the experimentally obtained stress-strain responses during predeformation and after recovery at 650◦ C together with the results that were obtained by
using the crystal plasticity model for the model parameters given in Table 4 and the
microstructural parameters of the tested specimens (see Table 3). In Figures 9(a) and
(b) the yield stresses and stresses after 5% plastic strain are given.
Figure 9(c) shows the simulated yield stress after recovery at 650◦ C for different
annealing times as predicted using the parameters in Table 4. The corresponding simulated evolution of the dislocation density with recovery time for the three orientations
examined (0◦ , 45◦ and 90◦ ) is shown in Figure 10.
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Figure 10. Simulated dislocation density for polysynthetically twinned crystals obtained using the microstructural parameters given in Table 3 for loading angles of 0◦ , 45◦ and 90◦ as a function of annealing
time after room temperature predeformation to 5% plastic strain followed by reloading after annealing at
650◦ C.

In order to investigate the recovery behaviour for different annealing temperatures,
additional numerical simulations have been carried out using the same microstructural
parameters but for temperatures up to 900◦ C, see Figure 11.
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Figure 11. Simulated yield stress of polysynthetically twinned crystals obtained using the microstructural
parameters given in Table 3 for lamella orientations of 0◦ , 45◦ and 90◦ plotted against annealing time for
different temperatures after predeformation to 5% plastic strain at room temperature.

3.1.3. Discussion
A comparison between the simulated and experimental results shows that the simulated stress-strain response of the predeformation stage closely matches the experimental results (see Figure 8), especially given the fact that no further adjustment
of the work hardening model was done. While the experimentally determined yield
stress for the 0◦ and 45◦ orientations is reproduced very well by the model, the initial stress-strain response – and thus the yield stress – is underestimated for the 90◦
orientation (see Figure 9(a)). The stress levels after 5% plastic strain agree very well
for all investigated orientations (see Figure 9(b)). Thus, the simulated predeformation
– which is the starting point for recovery – agrees very well with the experimental
measurements.
Comparing the yield strength after annealing for the different orientations (see Figure 9(c)), it can be seen that the numerical results lie within the experimental scatter
for all three orientations investigated. The effective rate at which work hardening is
recovered is highest for the 90◦ specimens and lowest for the 45◦ specimens. As mentioned above, the effective recovery rate increases with dislocation density. Figure 10
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shows that the estimated total
density after predeformation to 5% plastic
 dislocation

1
strain is in the range of 107 mm
which correlates well to the findings in [17]. The
2
estimated total dislocation density is in fact highest for the 90◦ orientation followed
by the 0◦ and 45◦ orientations which explains the differences in the observed recovery
rates. Although the effective recovery rate differs depending on lamella orientation (i.e.
is anisotropic), the numerical simulations have been able to reproduce the recovery
behaviour by assigning the same functional relationship between the recovery rate and
dislocation density to all slip systems irrespective of their morphology using only one
set of parameters (i.e. the ones from Table 4). Thus, the simulations confirm that the
function F (ρdis
α ) in Equation (1) is in fact isotropic as proposed earlier.
Additional simulations for higher annealing temperatures (see Figure 11), show the
typical characteristics of static recovery. From Figure 11 it is obvious that for the
typical operating temperatures for TiAl alloys of 700◦ C to 750◦ C a significant part of
the work hardening is recovered after a few hours. For 900◦ C, basically the complete
work hardening is recovered within minutes.
3.2. Polycolony microstructure
While the recovered (macroscopic) work hardening for different temperatures and
annealing times can be studied experimentally using the test procedures described
in Appel et al. [4] and Paul & Appel [5], investigating the evolution of the locally
very inhomogeneous dislocation density arising from microplasticity is impeded by the
different length scales involved and the destructive nature of imaging techniques. With
the crystal plasticity model it is, however, possible to separately study the evolution
of microplasticity and dislocation density with deformation and recovery in predictive
simulations.
3.2.1. Numerical results
Starting from the simulated deformation state that was described earlier for the reference microstructure (α2 volume fraction 10%, λC =250µm, λD =25µm, λL =0.5µm)
after 10% strain, annealing has been simulated for 8 hours at 700◦ C. Subsequently,
the representative volume element has been compressed to an additional 1% plastic
strain. The estimated evolution of the total dislocation density and the accumulated
plastic shear is shown in Figure 12.
In order to illustrate trends in the recovered work hardening with annealing temperature and annealing time, additional recovery simulations have been carried out
for temperatures up to 900◦ C, see Figure 13.
3.2.2. Discussion
Figure 12 illustrates how the accumulated plastic shear and dislocation density evolve
with deformation and with annealing time. The contour plots for different deformation stages and annealing times illustrate the localisation of accumulated plastic shear
(see Figures 12(b), (c), (d), (e), (f)) and the evolution of the total dislocation density
(see Figures 12(g), (h), (i), (j), (k)) in the microstructure. Since regions with different
dislocation densities exhibit different (effective) recovery rates (as seen above in the
case of polysynthetically twinned crystals), it is not clear whether or not plasticity is
localised in the same regions of the microstructure after recovery. The contour plots
after annealing and re-testing (i.e. Figures 12(f) and (k)) indicate that plastic defor23
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Figure 12. Evolution of the dislocation density and accumulated plastic shear during a static recovery experiment of a polycolony material (see section 2.2), as obtained by simulation. Predeformation to 10% plastic strain
followed by annealing at 700◦ C for 8 hours. Subsequently re-tested to an additional 1% strain. Microstructure:
α2 =10%, λC =250µm, λD =25µm, λL =0.5µm. In the contour plots, red regions correspond to high dislocation
1
density (> 8 × 107 mm
2 )/accumulated plastic shear (> 0.4) while dark blue regions mark regions with low
1
dislocation density (< 1 × 106 mm
2 )/accumulated plastic shear (< 0.05).

mation localises in the same regions of the microstructure as during predeformation
(Figures 12(b) and (g)), i.e. there is not enough work hardening remaining in the weak
colonies to homogenise the micro plasticity after recovery.
The predicted recovery behaviour for different annealing temperatures, shown in
Figure 13, shows similar characteristics as for polysynthetically twinned crystals. Like
for the polysynthetically twinned crystals, the model predicts that most of the work
hardening is recovered after a few hours at typical operating temperatures.

4. Conclusions
In this paper, the relative activity of deformation systems during plastic deformation
of polysynthetically twinned crystals and polycolony microstructures has been inves-
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Figure 13. Simulated yield stress of a polycolony microstructure for different annealing temperatures and
times. Microstructure: α2 =10%, λC =250µm, λD =25µm, λL =0.5µm. Predeformation before annealing to 10%
plastic strain.

tigated using the defect density-based crystal plasticity model reported in Schnabel
& Bargmann [38]. The simulation results complement the experimental findings reported in the literature on the active deformation systems in polysynthetically twinned
crystals/single colonies. In contrast to experiments, such simulations allow detailed
investigation of the transition between predominant deformation modes for specific
lamella orientations. The transitions between deformation modes were attributed to
their hardening interactions. By applying the model to a polycolony microstructure,
the inhomogeneous micro plasticity (i.e. the typical microyield) in fully lamellar TiAl
has been investigated. Systematic variation of the microstructural lengths (i.e. domain
size, lamella thickness and colony size), has enabled their influence on the micro yield
behaviour to be investigated. Such simulations are useful in investigating processes
that are correlated to the microyield behaviour (e.g. regions of the microstructure
where micro cracking [7, 9, 12] or recrystallisation is most likely to begin.) and ultimately allow the quantitative identification of microstructural length combinations
that are beneficial to avoid (or promote) certain effects.
By combining the experimental findings from static recovery experiments using differently oriented polysynthetically twinned crystals with numerical simulations, it has
been possible to gain a deeper insight into the functional relation between the effective recovery rate and the dislocation density. Predictive simulations for the recovery
behaviour of polysynthetically twinned crystals and polycolony microstructures have
revealed that most of the introduced work hardening is recovered after a few hours at
typical operating temperatures as it has been observed in [1].
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Appendix A. Summary of applied model parameters
In the following, the model parameters are summarised that were applied to create
the numerical results shown in the present paper. For details on the main constitutive
relations of the applied crystal plasticity model, the reader is referred to [38].
Table A1 shows the Hall-Petch coefficients for lamellar, domain and colony boundary
strengthening.
Table A1. Parameters for Hall-Petch strengthening model,
i.e. equations (5) and (6)
symbol
value
√
kD
0.125 [MPa√m]
kL
0.125 [MPa m]


√
√
kC (λL )
0.3 [MPa m] + 1.295 × 10−4 MPa[ m]2 √1
λL

Table A2 summarises the applied model parameters for the dislocation accumulation
and work hardening model, i.e. equations (1) and (7)-(10).
The lattice resistance τR (see equations (5) and (6)) in the γ phase was assumed
to be the same for slip an twinning and was taken to be 20 MPa for the simulation
results in Figures 3 and 4, 30 MPa for the simulation results in Figures 6, 7, 12 and
13, and 55 MPa and 65 MPa for the 0◦ /45◦ and 90◦ simulations in Figures 8, 9, 10
and 11.
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hardening parameters

dislocation accumulation

Table A2. Model parameters for dislocation accumulation and work hardening model; ls: longitudinal
slip, ms: mixed slip, ts: transversal slip, lt: longitudinal twinning, tt: transversal twinning, n.a.: not
applicable, n.n.: not needed.
phase
symb
value
unit
system index (cf. Table 1)
annotation
1
α =1-3
ls
Aα,0
2 × 108
[ mm
2]
1
Aα,0
2 × 108
[ mm
α =4-6
ms
2]
1
8
Aα,0
4 × 10
[ mm
α =7-12
ts
γ
2]
1
α =1-12
all slip systems
ρdis
1 × 109
[ mm
2]
α,sat
pα
1
[–]
for α =1-12
all slip systems
1
ρdis
1 × 105
[ mm
for α =1-12
all slip systems
2]
α (t = 0)
1
Aα,0
2 × 108
[ mm
α =4-6
ms
2]
1
Aα,0
4 × 108
[ mm
α =7-12
ts
2]
1
α2
9
] α =4-12
ms and ts
ρdis
1
×
10
[
α,sat
mm2
pα
1
[–]
α =4-12
ms and ts
1
ρdis
1 × 105
[ mm
for α =4-12
all slip systems
2]
α (t = 0)
hαβ
n.a.
[MPa]
α =1-3 and β =1
ls by lt
hαβ
n.n.
[MPa]
α =4-12 and β =1
ms and ts by lt
hαβ
1500
[MPa]
α =1-6 and β =2-4
ls and ms by tt
hαβ
100
[MPa]
α =7-12 and β =2-4
ts by tt
0
h
n.a.
[MPa]
β
=1
and
β
=1
lt by lt
0
γ
ββ
0

hββ 0

5000

[MPa]

β =1 and β =2-4

hββ 0

100

[MPa]

β =2-4 and β =2-4; β 6= β

hββ 0
Cβα
Cβα

n.n.
700
n.n.

[MPa]
[–]
[–]

0
0

β =2-4 and β =1
β =1 and α =1-12
β =2-4 and α =1-12
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lt by tt
0

tt by tt
tt by lt
lt by all slip systems
tt by all slip systems

